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An  analysis  of  the  interrelationships  between  microstructure  and  both  mechanical 
and  electrical  properties  in  deformation-processed  Cu-Ag  alloys  is  presented.  The  effects 
of  microstructure  on  the  strength,  electrical  conductivity  and  strength-conductivity 
combinations  were  evaluated  to  provide  guidelines  for  property  optimization.  Different 
microstructures  were  prepared  by  varying  (a)  the  growth  conditions  during  directional 
solidification,  (b)  alloy  composition,  (c)  deformation  level,  (d)  lamellar  orientation  and 
(e)  thermomechanical  processing  schedule.  The  increased  interfacial  area  of  the  eutectic 
structure  is  shown  to  result  in  a more  rapid  decrease  in  conductivity  during  deformation 
when  compared  with  those  alloys  with  considerable  volume  fractions  of  the  primary 
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phase.  As  the  initial  interlamellar  spacing  becomes  smaller,  the  hardening  rate  is  not 
changed  while  the  conductivity  of  the  eutectic  alloy  decreases  more  rapidly  with 
deformation.  Both  lamellar  and  rod-like  eutectics  were  investigated  and  the  resulting 
structures  and  properties  after  deformation  were  considerably  different.  The  dominant 
factors  determining  the  value  of  the  strength-conductivity  factor  (SCF),  where  the  SCF  is 
the  ratio  of  the  ultimate  strength  to  the  conductivity  are  the  volume  fraction,  interlamellar 
spacing,  morphology  and  orientation  of  the  Cu-Ag  eutectic. 
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CHAPTER  1 
INTRODUCTION 


Materials  for  high  field  magnets  for  pulsed-field  applications  have  been  of  recent 
interest  because  of  their  potential  applications  in  many  industrial  fields  [1-3].  The 
generation  of  the  strong  magnetic  fields  for  pulsed  magnets  requires  a material  with  high 
electrical  conductivity  to  minimize  Joule  heating  and  high  strength  to  withstand  the 
Lorentzian  forces  exerted  during  the  pulse.  In-situ  processed  microcomposites,  such  as 
those  produced  in  Cu-Nb  and  Cu-Ag  alloys,  provide  better  combinations  of  strength  and 
conductivity  than  macrocomposites  such  as  Cu/SS  (stainless  steel)  and  Cu/Ti  [4,  5]. 
Furthermore,  the  submicron  microstructures  typical  of  these  microcomposites  enhance 
the  strength  beyond  the  rule  of  mixtures  values  predicted  from  the  constituent  phases  [6- 
8], 

Of  the  many  Cu-X  microcomposites  studied,  Cu-Nb  alloys  have  been  investigated 
the  most  intensively  over  a wide  range  of  deformation  levels  and  microstructures  [6,  8- 
34].  Although  high  strength  levels  can  be  achieved  in  deformation-processed  Cu-Nb 
microcomposites,  their  conductivity  falls  short  of  the  level  required  for  high  field 
magnets. 

In  1991,  Sakai  and  coworkers  [35]  reported  enhanced  properties  in  a Cu-Ag  alloy 
as  compared  with  those  of  the  Cu-Nb  alloys  that  had  been  studied  extensively.  One  of  the 
reasons  for  the  better  strength  and  conductivity  is  related  to  precipitation  of  Ag  from  the 
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Cu  phase  during  thermomechanical  processing  treatments  (TMP).  The  TMP  treatments 
enhance  precipitation  of  solute  atoms  producing  fine  precipitates  distributed  uniformly 
throughout  the  matrix.  However,  they  used  several  intermediate  heat  treatments  with  no 
explanation  for  the  selected  times,  temperatures  and  prior  deformation  levels.  A more 
quantitative  understanding  of  the  effects  of  the  different  microstructures  including  the 
size  and  distribution  of  precipitates  is  necessary  for  process  and  property  optimization. 

Besides  interface  strengthening  in  the  two-phase  structures,  several  strengthening 
mechanisms  are  involved  in  the  Cu-Ag  system,  including  solid  solution  hardening, 
precipitation  hardening,  and  strain  hardening.  While  the  strength  can  be  increased  via 
these  mechanisms,  they  cause  a concurrent  decrease  in  electrical  conductivity  and  little 
has  been  done  to  optimize  this  combination  of  properties.  Of  the  several  strengthening 
mechanisms,  it  is  not  well  established  which  mechanism  is  most  effective  in  increasing 
strength  with  only  a minimal  decrease  in  conductivity.  This  is  probably  due  to  the  limited 
work  that  has  been  done  on  the  analysis  of  the  interrelationships  between  the 
microstructure  and  both  the  mechanical  properties  and  the  electrical  conductivity. 
Therefore,  more  systematic  studies  are  necessary  to  specify  the  microstructure-property 
relationships  in  this  alloy  system. 

The  purpose  of  this  work  is  to  evaluate  the  influence  of  microstructural  changes 
on  the  strength  and  electrical  conductivity  and  thereby  provide  guidelines  for  property 
optimization.  Different  microstructures  were  prepared  by  varying  (1)  the  growth 
conditions  during  directional  solidification  (DS),  (2)  the  alloy  composition,  (3)  the 
deformation  level  and  (4)  the  TMP  history.  Both  directionally  solidified  and 
conventionally  solidified  (CS)  ingots  were  compared  and  contrasted  after  various 
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processing  steps  in  order  to  determine  the  influence  of  microstructural  changes  on  both 
the  mechanical  and  electrical  properties. 


CHAPTER  2 
LITERATURE  REVIEW 

2.1  Why  High  Magnetic  Fields? 

High  magnetic  fields  are  becoming  more  useful  for  the  detailed  characterization  of 
materials.  The  higher  the  magnetic  field,  the  better  the  resolution  of  the  system  for  the 
characterization  of  a material’s  structure  [3].  Many  researchers  in  condensed  matter 
physics  or  medical  diagnosis  fields  utilize  high  magnetic  fields  as  in  magnetic  resonance 
imaging  (MRI)  or  nuclear  magnetic  resonance  (NMR)  systems.  The  MRI  application, 
especially,  represents  a $10  billion  industry  in  the  1990s  [1].  In  addition,  magnetic 
levitation  for  high-speed  mass  transport  and  superconducting  magnetic  energy  storage 
(SMES)  for  storing  and  redistributing  electrical  power  are  other  applications  of  high 
magnetic  fields. 

2.2  What  Is  a Pulsed  Magnet? 

High  magnetic  fields  are  generated  by  two  methods:  superconducting  and  resistive 
conductor  technologies  [1,2,  36-47].  Superconducting  solenoids  can  generate  continuous 
fields  up  to  20T  (tesla,  1T=  10000  Gauss),  which  is  known  to  be  the  present  upper  limit  of 
performance  with  available  superconductors  [4,  40,  44].  A hybrid  magnet  system,  which 
uses  both  resistive  and  superconducting  technologies  to  produce  continuous  fields  up  to 
45T  in  its  bore,  is  being  developed  at  the  National  High  Magnetic  Field  Laboratory 
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(NHMFL)  in  collaboration  with  the  Francis  Bitter  National  Magnet  Laboratory 
(FBNML).  Currently,  induction  fields  in  excess  of  50T  can  only  be  produced  in  pulsed 
magnets  in  which  pulses  are  generated  by  energy  discharged  into  a resistive  solenoid 
[36].  The  pulsed  magnet  systems  can  generate  higher  magnetic  fields  at  relatively  lower 
cost  and  are  easy  to  construct. 

Pulsed  magnets  can  be  classified  into  four  categories  depending  on  their  pulse 
duration  and  field  strength  as  shown  in  Table  1 [38,  48].  The  first  three  types  are 
nondestructive  in  that  they  are  not  expected  to  be  destroyed  during  the  pulse.  At  present, 
pulsed  magnets  designed  to  generate  more  than  1 00T  are  destructive,  that  is,  the  coil  and 
the  experimental  set-up  are  destroyed  due  to  the  field  generated  for  ultrashort  periods  and 
the  characteristics  of  the  technique  used  [38].  In  this  destructive  system,  the  maximum 
field  varies  from  shot  to  shot  and  the  duration  of  the  field  pulse  is  generally  in  the 
microsecond  range.  These  unstable  fields  may  result  in  serious  errors  in  the  scientific  data 
obtained  due  to  the  difficulty  in  controlling  the  process.  For  application  to  scientific 
measurements,  it  is  desirable  to  have  nondestructive  magnets  with  longer  pulse  durations 
[49].  Ideally,  the  magnet  itself  should  not  be  destroyed  since  repeated  use  of  the  system  is 
desirable  and  the  sample  may  need  to  be  preserved  due  to  its  unique  characteristics.  In 
addition,  long  pulse  or  quasi-stationary  fields  are  desired  to  establish  thermodynamic 
equilibrium  in  the  sample  because  the  field  pulse  induces  eddy  currents  and  heats  the 
sample.  The  ultimate  goal  is  to  produce  a nondestructive  pulsed  magnet  with  a field 
induction  of  100T  for  about  1 second  [36,  50]. 
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Table  1 . Classification  of  pulsed  magnets  in  terms  pulse  duration,  field  strength,  and 

magnet  life  [38,  48]. 


Type 

Pulse  Duration 

Field  Strength 

Remarks 

Long 

(quasi-stationary) 

100  ms-1  s 

30-60T 

Nondestructive 

Standard 

10-100  ms 

40-70T 

Nondestructive 

Short 

100  ps 

70-80T 

Nondestructive 

Ultrashort 

0.1-5  ps 

>100T 

Destructive 

2.3  Material  Requirements  for  Pulsed  Magnets 


The  main  factor  limiting  the  maximum  field  to  be  generated  in  a nondestructive 
pulsed  magnet  is  the  tensile  strength  of  the  material  used  in  the  coil  of  the  magnet  [49, 
51].  The  maximum,  tensile,  hoop  stress  (cjmax)  in  the  plane  of  the  innermost  coil  shell 
induced  by  the  Lorentz  force  is  proportional  to  the  square  of  the  field  strength  (B),  shown 
in  the  constant  hoop  stress  model  [36, 49]  as  follows: 


B=  j2[i0\naja^  (2-1) 

where  p0  is  the  magnetic  permeability  of  a vacuum  and  a is  the  ratio  of  the  outer  to  the 
inner  diameter  of  the  solenoid.  As  the  magnetic  field  increases,  the  energy  density  in  the 
shell  becomes  very  high,  which  causes  a burst  of  the  coil  of  the  solenoid.  Figure  1 [36] 
shows  that  100T  could  be  achieved  even  with  hard  drawn  copper  as  the  conductor,  but  a 
10  mm  bore  (inner  diameter)  would  require  an  outer  diameter  of  10  km,  because  the 
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attainable  field  scales  with  Vina  . Therefore,  increasing  the  strength  of  the  conductor 
allows  the  construction  of  magnets  which  are  simpler,  smaller  and  more  efficient.  Recent 
models  show  that  it  is  possible  to  achieve  field  strengths  of  100T  using  conductors  with 
1.5-2  GPa  UTS  (ultimate  tensile  strength)  at  reasonable  coil  dimensions  [52]. 


Figure  1.  Magnetic  field  as  a function  of  coil  dimension,  a,  for  different  materials 
[36]. 

However,  the  high  strength  must  be  combined  with  high  electrical  conductivity  to 
minimize  the  temperature  rise  due  to  the  heat  generated  in  the  resistive  coil  during  the 
pulse.  A 70T  magnet  is  estimated  to  experience  electrical  current  densities  of  about  3 
kA/mm  which  is  enough  to  cause  substantial  Joule  heating  even  in  pure  copper  [52]. 
Precooling  the  magnet  to  77K  before  operation  is  used  to  reduce  the  temperature 
excursion,  but  the  coil  would  still  be  heated  up  to  over  room  temperature  during  a pulse. 
The  conductivity  of  the  conductor  is,  therefore,  a critical  factor  in  determining  the  pulse 
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duration.  Unfortunately,  the  electrical  conductivity  usually  varies  inversely  with  strength 
and,  therefore,  any  strength  increase  results  in  a conductivity  decrease.  High  strength 
wires  with  low  conductivity  (<50%IACS)  such  as  stainless  steel  or  CuBe  are  not  useful 
because  they  allow  only  extremely  short  pulse  durations  [49].  These  two  properties  are 
thus  the  prime  requirement  of  resistive  conductors  in  high  field  pulsed  magnets. 

The  high  strength  conductor  should  also  have  reasonable  ductility  so  that  it  could 
be  processed  into  wire  and  deformed  around  a winding  mandrel  in  coil  form  without 
cracking.  The  minimum  required  elongation  to  failure  is  estimated  at  about  5%  [53].  A 
high  heat  capacity  is  also  desirable  in  order  to  absorb  the  heat  generated  during  the  pulse 
and  a high  thermal  conductivity  is  necessary  to  insure  a more  uniform  temperature 
distribution  during  and  after  the  pulse.  Because  the  electrical  conductivity  is  a function  of 
temperature,  the  non-uniform  temperature  distribution  results  in  “hot  spots”  which  can 
lead  to  further  localized  heating  and  ultimate  failure  [52].  In  addition,  the  conductor 
needs  to  have  good  fatigue  resistance,  low  thermal  expansivity,  and  be  reasonably  low  in 
cost. 


2.4  Classification  of  High-Strength.  High-Conductivitv  Alloys 

There  are  two  types  of  high-strength,  high-conductivity  materials  being  used  for 
pulsed  magnets:  macrocomposites  and  microcomposites.  Table  2 lists  some  of  the  high 
strength,  high  conductivity  alloys.  Macrocomposites  normally  consist  of  pure  copper 
shielded  with  a reinforcement  material,  where  pure  copper  carries  most  of  the  electrical 
conduction  and  the  shielding  material  supports  the  copper  conductor.  Copper/stainless 
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steel  is  one  of  the  more  popular  composite  conductors  of  this  type  [54];  these  are 
fabricated  by  inserting  a pure  copper  core  into  a stainless  steel  tube  followed  by  swaging 
and  drawing  to  final  dimensions  with  intermediate  annealing  treatments.  The  properties 
of  the  macrocomposites  are  in  good  agreement  with  the  rule  of  mixtures  where  the 
properties  scale  with  the  relative  volume  fractions  of  each  component  [5].  Thus,  both  the 
strength  and  conductivity  can  be  predicted  from  the  cross-sectional  areas  and  volume 
fractions  of  each  component.  Macrocomposites,  however,  have  a relatively  low 
combination  of  strength  and  electrical  conductivity  when  compared  with 
microcomposites  as  shown  in  Table  2.  This  is  because  the  reinforcement  material 
contributes  only  a small  portion  to  the  total  conductivity  due  to  its  higher  resisitivity 
whereas  the  copper  core  has  a low  tensile  stress  and  reduces  the  overall  strength.  The 
other  drawback  of  the  stainless-steel-clad-copper  conductor  is  its  poor  transverse  thermal 
conductivity  resulting  from  the  low  thermal  conductivity  of  the  stainless  steel  and  its  poor 
heat  transfer  at  the  interface  between  the  copper  and  the  reinforcement  during  the  pulse. 
This  limits  the  pulse  duration  and,  consequently,  this  conductor  is  not  suitable  for  long- 
pulse  applications. 

Microcomposite  conductors,  however,  can  be  used  for  long-pulse  magnets 
because  of  their  in-situ  production  characteristics  which  provide  more  perfect  heat 
transfer  at  the  interphase  interfaces  providing  for  greater  energy  absorption.  These 
composites  are  normally  produced  by  casting  and  subsequent  deformation  processing  to 
produce  a copper  matrix  reinforced  with  fine  scale  filaments,  whiskers  or  dispersoids  of 
another  material.  The  strengths  of  the  microcomposites  are  much  higher  than  those  of  the 
macrocomposites  because  they  utilize  several  strengthening  mechanisms  such  as  solid 
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solution  hardening,  precipitation/dispersion  hardening,  work  hardening  as  well  as 
interphase  interface  hardening  depending  on  the  nature  of  the  reinforcing  materials.  These 
strengthening  characteristics  of  the  microcomposite  enhance  the  strength  to  levels 
exceeding  those  predicted  by  the  rule  of  mixtures  [6-8].  The  strengths  of  the 
microcomposites  are  very  dependent  upon  the  volume  fraction  and  strength  of  the  second 
phase,  the  amount  of  cold  work,  the  interphase  interface  structure,  the  inter-filament 
spacing,  and  the  size  and  distribution  of  any  precipitates. 

There  are  several  types  of  high-strength,  high-conductivity  Cu-X 
microcomposites  including  Cu-Cr  [55-68],  Cu-Ta  [59,  64,  66,  69],  Cu-Nb  [6,  8-34],  Cu- 
Mo  [58],  Cu-Fe  [10,  65,  70-73],  Cu-Be  [74],  Cu-V  [10],  Cu-A1203  (“GlidCop”)  [4,  75], 
and  Cu-Ag  [4,  5,  7,  16,  32,  35,  66,  76-93]  alloys.  Among  these,  the  Cu-Nb  system  has 
been  the  most  intensively  studied  for  pulsed  magnet  applications  during  the  past  few 
decades.  This  material  is  produced  by  consumable  arc  melting  followed  by  rod  rolling 
and  drawing.  The  resulting  bcc  niobium  filaments  act  as  effective  barriers  for  dislocation 
movement  across  the  interphase  interface.  Niobium  is  more  ductile  than  other  refractory 
materials  so  that  it  is  co-deformed  with  copper  more  readily  than,  for  example,  tantalum 
during  cold  working  although  there  are  some  differences  in  the  deformation  rate  [34,  94]. 
These  composites  provide  excellent  strength  with  reasonable  electrical  conductivity  at 
niobium  contents  of  15-20  volume%.  Foner  et  al.  reported  a 68.4T  field  in  a pulsed 
magnet  made  using  a deformation-processed  Cu-18vol%Nb  alloy  [95,  96]. 

In  spite  of  the  successes  with  Cu-Nb,  there  are  some  difficulties  in  the  processing 
of  these  alloys.  Because  of  the  high  melting  point  of  Nb  (2469°C),  consumable  arc 
melting  appears  to  be  the  best  approach  for  ingot  preparation.  Induction  melting  in  a 
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Table  2.  Room  temperature  strength  and  conductivity  of  pulsed  magnet  conductors. 


Material 

Condition 

Mechanical  Properties 

Electrical 

Conductivity 

(%IACS) 

References 

UTS 

(MPa) 

YS 

(MPa) 

El. 

(%) 

TP  copper 

Annealed 

250 

110 

45 

94.3 

[4] 

Hard  drawn 

400 

330 

25 

82 

[4] 

MACROCOMPOSITES 


Cu/SS 


DCF95-316SS 

52%Cu 

600 

540 

1.1 

73 

[4] 

DCF101-304SS 

60%Cu 

730 

670 

1.1 

63 

[4] 

DCF  400-304SS 

860 

770 

60 

[26] 

DCF  401-304 

720 

610 

58 

[26] 

HEF4-304 

60%Cu,  75%RA 

870 

700 

1.8 

64 

[4] 

HEF3-304 

50%Cu,  70%RA 

900 

710 

2.0 

51 

[4] 

HEF 1-321 

60%Cu,  75%RA 

800 

430 

2.0 

66 

[4] 

CuBe/Cu 

6h  @300°C 

930 

765 

52 

[26] 

Cu/Ti 


CP125 

Pure  Ti,  98%RA 

1140 

890 

7.6 

- 

[4] 

TCC 

30%Cu 

680 

590 

6.3 

45 

[4] 

IO 

50%CU,  95%RA 

770 

470 

6.5 

60 

[4] 

MICROCOMPOSITES 


Cu-A1203 


GlidCop  Al-15f 

Cl 57 15,  90%CW 

537 

506 

12 

93.4 

[75] 

GlidCop  Al-60£ 

Cl 5760,  70%CW 

620 

570 

9.2 

79.5 

[75] 

GlidCopR 

474 

412 

87 

[26] 

Cu-Cr 

Cu-15v/oCr 

(12.4wt%) 

Extrusion+Drawing 
+Heat  Treatment 

1100 

72.5 

[62] 
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(Table  2-continued) 


Cu-15v/oCr 

Same,  but  lower 
strain 

960 

78 

[62] 

Cu-7v/oCr 

890 

81 

[62] 

Cu-Nb 


CU-5%Nb 

Annealed 

900 

80 

[25] 

Unannealed 

950 

70 

[25] 

Cu-20%Nb 

1150 

63 

[25] 

Cu-20v/oNb 

I/M 

1100 

65.5 

[24] 

P/M 

1080 

58 

[24] 

Supercon 

990 

650 

3.2 

76 

[4] 

Cu- 1 8Nb 

Supercon,  wire 

966 

842 

7.8 

75.7 

[29] 

Supercon,  wire 

1104 

994 

7.2 

69 

[29] 

Supercon,  sheet 

1082 

966 

4.9 

66.5 

[29] 

Bochvar 

1070 

770 

2.0 

71 

[4] 

Cu-18vol%Nb 

966 

70 

[95] 

Cu-18vol%Nb 

1173 

1035 

1.2 

60 

[96] 

Cu-Nb-Ag 


Cu-7%Ag- 

12%Nb 

Miscellaneous 

treatment 

1273 

1185 

6.6 

66.5 

[90] 

Cu-7%Ag- 

12%Nb 

4-stage  HT  at  450  & 
350°C 

1123 

900 

8.1 

69.8 

[90] 

Cu-Ag 


16%Ag 

950 

850 

7.2 

80 

[4] 

1 8%Ag 

1020 

950 

2.9 

80 

[4] 

24wt%Ag 

As-cast 

275 

34 

83 

[86] 

As-cast+450°C-10h 

330 

16 

96 

[86] 

As-cast+450°C-10h 

+93%RA 

1000 

79 

[86] 

24wt%Ag 

450°C-lh 
at  40,  70%  RA 

1000 

80 

[35,  97] 

24wt%Ag 

Sheet,  96%RA, 

3HTs 

1050 

75 

[91] 
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graphite  crucible  results  in  the  reaction  of  carbon  to  form  niobium  carbides,  which 
deteriorate  the  mechanical  and  electrical  properties  of  the  alloy.  The  use  of  the 
consumable  arc  melting  technique  limits  the  maximum  available  size  of  Cu-Nb  ingots 
(<25kg)  [29]  and  results  in  segregation  of  niobium  causing  inhomogeneous  properties  in 
the  wire.  Rebundling  during  drawing  is  usually  necessary  in  order  to  obtain  the  desired 
refinement  strain  in  the  application-size  wires  [20,  29]. 

2.5  Cu-Ag  Alloys  : A New  Look  at  an  Old  System 


2.5.1  Why  Cu-Ag? 

One  of  the  drawbacks  in  the  Cu-Nb  alloys  is  its  relatively  low  conductivity  at  high 
strength  levels  as  shown  in  Table  2.  This  is  in  spite  of  the  fact  that  the  solubility  of 
niobium  in  copper  is  very  low.  Therefore,  since  solute  elements  tend  to  lower  the 
conductivity  of  copper,  a desirable  addition  is  one  which  (1)  has  low  solubility,  (2)  is 
easy  to  process  (has  similar  deformation  rate),  (3)  has  high  conductivity  and  (4)  has  high 
strength.  Silver  has  the  highest  conductivity  of  the  elements  and  has  the  least  detrimental 
effect  on  the  resistivity  of  copper  of  all  the  elements  studied  to  date  [98].  These 
observations  suggest  that  Cu-Ag  microcomposites  might  be  ideal  as  high-strength,  high- 
conductivity  materials  for  pulsed  magnets.  In  1991,  Sakai  and  coworkers  [35]  reported 
that  they  achieved  80%IACS  (International  Annealed  Copper  Standard, 
100%IACS=1.7241  pQ  cm)  at  a tensile  strength  of  1 GPa,  which  is  about  5-10%IACS 
higher  than  that  of  typical  Cu-Nb  alloys  at  similar  strength  levels. 
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The  strength-conductivity  combination  for  Cu-Ag,  Cu-Nb  and  other  competitive 
materials  are  compared  in  Figure  2.  Clearly,  the  Cu-Ag  alloys  represent  the  highest 
strength  and  conductivity  combinations. 

Cu-Ag  alloys  are  also  easier  to  process  than  Cu-Nb  alloys.  The  melting  point  of 
silver  is  relatively  low,  961.9°C,  and  both  elements  have  low  affinity  for  carbon. 
Therefore,  induction  melting  using  a graphite  crucible  is  possible  for  Cu-Ag  alloys  and 
provides  good  compositional  homogeneity  in  the  ingot,  resulting  from  the  vigorous 
mixing  caused  by  the  induction.  This  benefit  resolves  the  size  limitation  of  Cu-Nb  alloys 
so  that  scaling  up  to  commercial  ingot  sizes  is  available  at  relatively  low  expense. 
Another  advantage  of  Cu-Ag  alloys  is  their  good  ductility  and  formability.  A low 
extrusion  temperature  of  about  500°C  and  low  extrusion  ratio  of  about  9:1  is  sufficient  to 
break  down  the  dendritic  structure  of  induction-melted  billets  [4].  Furthermore,  more  than 
99%RA  by  cold  drawing  can  be  performed  without  intermediate  annealing. 

Several  strengthening  mechanisms  can  be  used  to  improve  the  strength  of  the  Cu- 
Ag  alloys.  As  shown  in  Figure  3 [99],  the  Cu-Ag  diagram  contains  a simple  eutectic. 
Although  both  elements  are  fee,  they  have  limited  solubility  in  the  other.  The  maximum 
solubility  of  silver  in  copper  is  4.9  at%  whereas  for  copper  in  silver  it  is  14.1  at%  [100]. 
The  eutectic  reaction  generally  produces  a lamellar  structure  of  the  two  phases  although 
the  volume  fraction  of  copper  is  near  the  typical  boundary  (-30%)  between  lamellar  and 
rod-like  structures.  The  interphase  boundary  acts  as  a barrier  to  dislocation  movement 
during  subsequent  deformation  processing;  this  increases  the  work  hardening  rate  of  the 
material.  For  a copper-rich  hypoeutectic  alloy,  the  microstructure  consists  of  primary 
copper  dendrites  surrounded  by  interdendritic  eutectic.  The  strength  of  the  alloy  depends 
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Figure  2.  Strength  and  electrical  conductivity  of  various  alloys  compared  to  a 
thermomechanically  processed  Cu-Ag  alloy. 
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Weight  Percent  Copper 


Figure  3.  Alloy  phase  diagram  of  Cu-Ag  system  [101]. 

on  the  volume  fraction  and  interlamellar  spacing  of  the  eutectic  phase  which  depend  on 
alloy  composition  and  cooling  rate,  respectively. 

Significantly,  the  solubility  of  one  component  in  the  other  decreases  on  cooling  to 
less  than  0.2  at%  at  room  temperature  [100].  Thus,  it  is  possible  to  utilize  both  solid 
solution  strengthening  and  precipitation  strengthening  by  applying  appropriate  TMP 
treatments  in  order  to  achieve  the  desired  strength  level.  Since  the  lattice  parameters  of 
copper  and  silver  are  quite  different  (ac^O.3615  and  aAg=0.4086  nm),  it  is  necessary  to 
enhance  precipitation  of  one  phase  in  another  by  deformation  processing  prior  to  heat 
treatment.  In  addition,  this  system  includes  a metastable  miscibility  gap  and  continuous 
T0  curves  such  that  single  phase  formation  by  rapid  solidification  is  possible  [102-104]; 
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the  metastable  single  phase  may  undergo  a spinodal  decomposition  on  cooling  or  during 
subsequent  heat  treatment,  depending  on  the  composition  range. 

Since  both  the  strength  and  conductivity  are  important,  solid  solution 
strengthening  is  not  considered  appropriate  since  solute  atoms  dissolved  in  the  copper 
matrix  reduce  conductivity  drastically  while  improving  strength  only  moderately.  The 
fine  structures  produced  by  rapid  solidification  processing  (RSP)  also  have  the  drawback 
that  the  product  is  difficult  to  consolidate  [60,  105].  Specifically,  poor  mechanical 
bonding  between  interlayers  causes  debonding  during  deformation  processing  and  the 
high  solute  levels  retained  in  the  copper  matrix  during  rapid  solidification  would 
presumably  lower  the  electrical  conductivity  of  the  alloy. 

Directional  solidification  is  a useful  tool  for  understanding  the  microstructural 
effects  on  the  combination  of  both  strength  and  conductivity  in  Cu-Ag  microcomposites. 
Furthermore,  by  varying  the  composition  and  withdrawal  speed,  the  microstructural  scale, 
morphology,  and  volume  fractions  of  the  primary  phases  and  the  eutectic  can  be 
controlled  to  some  extent.  It  also  provides  directionally  aligned  structures  with  which  a 
study  of  the  effect  of  the  initial  lamellar  orientation  on  the  properties  is  possible.  For 
example,  the  unidirectionally  aligned  lamellar  structure  is  stronger  than  random  lamellar 
structures  at  similar  interlamellar  spacings  when  the  stress  is  applied  parallel  to  the 
lamellar  direction. 

By  controlled  directional  solidification,  it  is  also  possible  to  grow  off-eutectic 
compositions  by  coupled  growth.  For  steady-state  coupled  growth  of  off-eutectic  alloys, 
high  thermal  gradients,  GL,  and  low  growth  velocities,  v,  are  required  according  to 
equation  (2-2)  [106]  where: 
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Gl/v  > -mL(CE-C)/DL  (2-2) 

where  mL  is  the  slope  of  the  liquidus  line,  CE  and  C the  eutectic  and  alloy  compositions, 
respectively,  and  DL  the  diffusivity  in  the  liquid.  This  implies  that  compositions  near  the 
eutectic  can  be  grown  in  a coupled  fashion  at  reasonable  rates  whereas  the  maximum 
velocity  for  growth  of  off-eutectic  compositions  may  be  prohibitively  slow.  According  to 
the  above  equation,  it  becomes  more  difficult  to  grow  off-eutectic  alloys  as  the 
composition  becomes  further  removed  from  the  eutectic. 

There  are  some  obstacles  related  to  strengthening  Cu-Ag  alloys,  namely,  (1)  silver 
is  not  as  strong  as  the  refractory  metals  Nb,  Ta  or  Mo  and  (2)  silver  is  fee  as  is  the  copper 
matrix.  In  addition,  pure  copper  and  silver  undergo  dynamic  recovery  at  high  deformation 
levels  even  at  room  temperature  [7].  The  weak  reinforcing  nature  and  structural  similarity 
of  silver  presumably  limit  the  maximum  available  strength  of  the  microcomposites. 
However,  these  facts  may  be  overcome  by  a proper  combination  of  precipitation 
hardening,  interphase  interface  hardening  and  strain  hardening.  The  Cu-Ag  alloys  have 
great  potential  for  future  applications  as  high-strength,  high-conductivity  materials  and, 
thus,  a full  metallurgical  investigation  is  highly  desirable. 

2,5,2  Previous  Work  on  Cu-Ag  System 

Cline  and  Lee  [78]  investigated  the  effect  of  eutectic  morphology  on  the  high 
temperature  strength  of  the  specimens  prepared  by  directional  solidification.  Two  types  of 
microstructures  having  different  growth  morphologies  were  prepared:  lamellar  and 
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equiaxed  eutectic.  The  lamellar  structures  were  as-solidified  eutectic  structures  whereas 
the  equiaxed  structures  were  prepared  by  a recrystallization  heat  treatment  following 
extrusion.  Their  results  indicated  that  the  alloy  with  the  lamellar  structure  exhibited  better 
high  temperature  strength  than  that  of  the  equiaxed  structure.  The  flow  stress  depended 
on  the  interlamellar  spacing  according  to  a Hall-Petch  type  relationship  [77,  78]. 

Frommeyer  and  coworkers  [7,  79,  107]  showed  that  directionally  solidified  Cu- 
Ag  eutectics  revealed  higher  strength  levels  than  the  same  alloy  with  similar  interlamellar 
spacings  produced  by  conventional  casting.  They  also  reported  that  the  initial  lamellar 
eutectic  grown  by  directional  solidification  (DS)  changed  to  a rod-like  structure  after 
severe  deformation  at  a draw  ratio  of  r|~7.  The  draw  ratio  is  given  by 
r|=ln(A0/A)=21n(D0/D),  where  A0  and  A are,  respectively,  the  initial  and  final  cross 
sectional  areas  and  D0  and  D the  initial  and  final  diameters.  They  confirmed  that  the 
increased  scattering  of  conduction  electrons  at  the  interface  causes  a strong  conductivity 
decrease  when  the  sizes  of  the  copper  and  silver  phases  become  comparable  with  the 
mean  free  path  of  the  conduction  electrons. 

Much  of  the  previous  studies  of  Cu-Ag  alloys  dealt  with  the  strengthening 
mechanisms  in  the  lamellar  structure  and  the  microstructural  evolution  during  rapid 
solidification  processing  [63,  102-104,  108-111].  Manna  and  Pabi  [83,  84]  observed  an 
indication  of  discontinuous  precipitation  in  a Cu-7.7at%Ag  alloy.  Hong  and  coworkers 
[32]  also  reported  the  presence  of  the  discontinuous  precipitation  for 
thermomechanically-processed  (TMP)  Cu-Ag  alloys.  Although  Embury  [112]  suggested 
that  the  discontinuous  precipitation  causes  an  increase  in  the  work  hardening  rate  due  to 
realignment  of  the  phases  back  along  the  wire  axis  during  drawing,  a further 
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understanding  of  the  kinetics  of  this  reaction  is  still  necessary  for  determining  the 
optimum  thermomechanical  process. 

This  alloy  system  has  been  of  interest  to  researchers  in  high  magnetic  field 
generation  since  1991  when  Sakai  et  al.  [35]  reported  80%IACS  at  1 GPa  UTS  in  a Cu- 
16at%Ag  after  TMP.  This  was  achieved  by  using  intermediate  heat  treatments  during  the 
deformation  processing.  The  property  changes  due  to  TMP  are  shown  in  Figure  4 where 
both  the  strength  and  conductivity  were  improved  by  TMP.  TMP  is  a common  procedure 
for  Al-base  alloys  (e.g.  Al-Li  (8000-series))  that  utilize  precipitation  hardening.  The  main 
purpose  of  this  process  is  to  increase  the  dislocation  density  in  order  to  provide 
nucleation  sites  for  those  precipitates  that  are  difficult  to  nucleate  more  homogeneously 
due  to  large  lattice  misfits.  This  process  can  greatly  improve  the  strength  and  ductility  of 
Al-Li  alloys  by  distributing  the  fine  precipitates  (T,  or  S'-phase)  uniformly  throughout 
the  matrix  [113-115].  From  the  results  of  Sakai  and  coworkers,  the  conductivity  increase 
is  the  result  of  the  precipitation  of  solute  atoms  dissolved  in  the  matrix  [35,  86,  91,  97]. 
This  is  a reasonable  explanation  since  the  interphase  interfacial  area  is  decreased  by  the 
agglomeration  of  the  dispersed  solute  atoms,  because  the  interphase  interface  and  the 
strain  field  around  a solute  atom  are  effective  scattering  sources  for  free  electrons. 
Therefore,  the  increase  in  conductivity  here  is  a “relative”  increase.  Precipitation  does  not 
necessarily  result  in  an  increase  in  both  strength  and  conductivity.  They  attempted  several 
intermediate  heat  treatments  with  no  reasonable  explanation  for  their  selection.  Thus,  a 
more  quantitative  understanding  of  the  effects  of  the  different  microstructures  and  the 
size  and  distribution  of  precipitates  is  necessary  for  process  development. 


21 


2.5.3  Strengthening  Model  of  Cu-X  Microcomposites 

As  mentioned  before,  the  deformation-processed,  in  situ  Cu-X  microcomposites 
exhibit  strengths  considerably  above  the  values  predicted  by  the  rule  of  mixtures  (ROM). 
These  greater  strengths  are  related  to  such  microstructural  factors  as  dislocation  density, 
constituent,  volume  fraction  of  phases  and  distance  between  interphase  boundaries.  The 
crystal  structures  of  the  two  phases  are  also  important.  In  general,  FCC-BCC 
combinations  such  as  Cu-Fe  [71],  Cu-Cr  [71],  Cu-Nb  [10]  exhibit  greater  tensile 
strengths  than  FCC-FCC  combinations  such  as  Ag-Ni  [71],  Cu-Ag  [7].  The  reason  for  the 
greater  strengthening  in  FCC-BCC  alloys  is  due  to  the  BCC  filaments  with  ribbon-like 
cross  sections  that  develop  as  a result  of  their  developing  {110}  fiber  texture  during  cold 
working  [6]. 

Funkenbusch  and  Courtney  [71]  suggested  a “geometrical  dislocation” 
strengthening  model  in  order  to  explain  the  strengths  that  develop  in  heavily  deformed  in 
situ  composites.  Specifically,  these  are  geometrically  necessary  dislocations  that  develop 
in  order  to  compensate  for  the  differences  in  strain  resulting  from  the  different  strength  or 
stiffness  of  the  two  phases.  According  to  Ashby  [1 16],  the  average  density  of  geometrical 
dislocations,  pG,  in  a polycrystalline  grain  is  approximately  expressed  by: 

Pg*K(ti/D)  (2-3) 

where  ri  is  the  strain,  D the  grain  size  and  K a geometrical  constant  which  is  a measure  of 
the  relative  degree  of  mismatch  among  the  polycrystalline  grains.  The  above  equation  (2- 
3)  was  modified  by  Funkenbusch  and  Courtney  [71]  for  the  in-situ  microcomposites  as 
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follows: 


pG  = 2K[l-exp(-r|/2)]/D  (2-4) 

While  these  geometrically  necessary  dislocations  results  from  the  strain  inhomogeneities, 
statistical  dislocations  are  generated  as  a result  of  random  dislocation  interactions  within 
the  crystal  lattice.  Assuming  linear  work  hardening  with  deformation  strain,  the 
“statistical”  dislocation  density  is  proportional  to  r\  . The  variations  of  both  types  of 
dislocation  density  are  plotted  in  Figure  5.  At  high  strains,  a very  marked  increase  in  pG 
dominates  the  strength  of  the  in-situ  microcomposites. 

Spitzig  and  coworkers  developed  an  alternative  “filament  barrier”  strengthening 
model  where  the  filament  spacing  appears  to  be  the  primary  source  of  strengthening  in 
Cu-Nb  microcomposites  [94].  The  strength  of  these  materials  is  known  to  follow  the 
Hall-Petch  type  relationship  using  the  filament  or  interlamellar  spacing,  X,,  instead  of  the 
grain  size  as  follows  [8,  77]: 

a = a0  + k(X)'1/2  (2-5) 

where  a0  is  the  intercept  in  the  stress  vs.  X plot  and  k is  a constant  which  depends  on  the 
nature  of  adjacent  phases. 

During  the  deformation  of  these  microcomposites,  the  mean  filament  or 
interlamellar  (“barrier”)  spacing  is  reduced  in  proportion  to  the  wire  diameter  assuming 
no  new  barriers  are  generated  or  existing  barriers  destroyed.  Therefore,  the  barrier 
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spacing  as  a function  of  strain  is  given  by  [1 17]: 


Xq/X  = Dq/D  = exp  (t|/2) 


(2-6) 


By  combining  equation  (2-5)  and  (2-6),  we  obtain 


ct  = a0  + k(X0)'l/2  exp(q/4) 


(2-7) 


Spitzig  et  al.  modified  the  above  equation  by  using  their  experimental  data  shown  in 
Figure  6 on  Cu-Nb  alloys  as  follows[94]: 


This  equation  indicates  that  the  strength  of  the  Cu-Nb  microcomposites  depends  on  both 
the  draw  ratio  and  the  initial  filament  spacing  in  a manner  similar  to  that  observed  in 
pearlite  and  eutectic  composites  [117,  118].  This  result  is  not  in  accord  with  the  usual 
interpretation  that  the  high  strength  is  a consequence  of  a high  dislocation  density  or 
dislocation  pileups  at  interfaces. 


ct  = a0  + k(X,0)"1/2  exp(r|/5.6) 


(2-8) 
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Figure  4.  Property  variation  by  TMP  for  chill-cast  Cu-8~32at%Ag  alloys  [35]. 


Dislocation  Density 
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Figure  5.  Schematic  of  statistical  and  geometrically  necessary  dislocation  density 
in  a two-phase  composite  as  a function  of  deformation  strain  [71]. 


Ratio  of  Filament  Spacings  or  Interlamellar  Spacings  fil\) 
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Figure  6.  Effect  of  draw  ratio  on  the  Nb  filament  spacing  (X)  in  Cu-Nb 
microcomposites. 


CHAPTER  3 

EXPERIMENTAL  PROCEDURES 


In  the  Cu-Ag  eutectic  system,  the  strength  and  electrical  conductivity  of  an  alloy 
are  characterized  by  the  following  microstructural  factors: 

(1)  Volume  fraction  of  eutectic  constituent 

(2)  Interlamellar  spacing  (X)  of  eutectic 

(3)  Initial  orientation  of  lamellae 

(4)  Growth  morphology  of  interdendritic  eutectic 

(5)  Size  and  distribution  of  precipitates 

(6)  Amount  of  deformation 

In  order  to  study  these  features  systematically,  specimens  were  prepared  by 
directional  solidification  and  analyzed  in  terms  of  the  following  properties: 

(1)  Strength  vs.  draw  ratio  (r|) 

(2)  Electrical  conductivity  vs.  draw  ratio 

(3)  Strength  vs.  conductivity 

(4)  Strain  hardening  rate 

(5)  Heat  treatment  response  of  the  above  properties 

In  this  manner,  it  should  be  possible  to  better  quantify  the  relative  importances  of 
the  different  microstructural  features  and  then  make  alterations  for  property  optimization. 
The  experimental  procedure  of  this  study  is  outlined  in  Figure  7. 
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Figure  7.  Flow  diagram  showing  experimental  procedures. 
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3.1  Specimen .Preparation 

3.1.1  Solidification 

Cylindrical  ingots  of  Cu-Ag  alloys  were  prealloyed  using  silver  shot  of  99.99% 
purity  and  C101  copper  rods  (99.99%  purity)  by  vacuum  induction  melting  under  a 
purified  argon  atmosphere.  The  pre-alloyed  ingots  were  then  placed  in  an  alumina  tube  in 
contact  with  a water-cooled  copper  chill  block  at  the  bottom  of  a resistance  furnace 
(Figure  8).  After  melting,  the  chill  block  and  sample  were  withdrawn  at  speeds  between 
1.7  and  55  pm/sec  for  directional  solidification  (Table  3).  The  bottom  of  the  alumina  tube 
was  sealed  with  graphite  in  order  to  prevent  the  melt  from  leaking  prior  to  solidification. 
A mechanical  stirrer  was  attached  at  the  top  of  the  furnace  and  the  melt  was  stirred 
manually  prior  to  withdrawal  in  order  to  minimize  the  segregation  resulting  from 
gravitation  and  the  nucleation  nature  of  each  phase.  Conventionally  solidified  specimens 
were  also  prepared  by  vacuum  induction  melting  under  argon  in  a graphite  crucible 
followed  by  pouring  into  a graphite  mold. 

3.1.2  Deformation  Processing 

The  DS  ingots  were  swaged  to  rods  and  then  drawn  to  produce  a true  strain  (r|)  of 
6 or  7.  Intermediate  heat  treatments  were  investigated  in  order  to  optimize  the 
precipitation  hardening  effects  in  these  alloys. 

3.1.3  Heat  Treatment 

For  the  precipitation  hardening  studies,  the  ingots  were  heat  treated  at  720~750°C 
for  0.5-1  h and  then  water  quenched  to  room  temperature.  The  quenched  specimens  were 
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swaged  to  selected  levels  of  deformation  followed  by  artificial  aging.  The  aging  time  and 
temperature  were  determined  from  the  results  of  Vickers  microhardness  measurements  on 
the  specimens  pre-aged  under  different  conditions. 

3.1.4  Initial  Orientation  Determination 

For  the  study  of  lamellar  orientation  effects,  three  specimens  with  different 
lamellar  orientations  relative  to  one  another  (0°,  45°,  90°  to  the  growth  axis)  were  cut 
from  the  unidirectionally  solidified  ingots  by  electrodischarge  machining  (EDM).  These 
specimens  were  then  thermomechanically  processed  as  indicated  above. 

3.2  Characterization 

3.2.1  Microstructure 

The  microstructures  of  the  as-solidified  DS  ingots  were  examined  using  light 
optical  microscopy  and  scanning  electron  microscopy  in  the  polished  and  etched 
condition.  Transmission  electron  microscopy  was  carried  out  in  order  to  resolve  the  fine 
microstructures  of  the  deformation-processed  specimens.  For  the  TEM  analysis,  thin 
sections  of  the  wire  were  prepared  by  argon  ion  milling  after  mechanical  dimpling.  In 
order  to  minimize  the  effect  of  heat  generated  during  ion-milling,  a liquid  nitrogen  cooled 
sample  stage  was  used. 

3.2.2  Mechanical  Property  Studies 

Room  temperature  tensile  tests  were  carried  out  using  an  Instron  machine  (Model 
1 125)  with  a crosshead  speed  of  1.27  mm/min  in  order  to  investigate  the  strength  of  the 
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drawn  wires.  The  test  specimens  were  machined  from  wires  that  were  larger  than  ~1.3 
mm  in  diameter.  For  diameters  smaller  than  1.3  mm,  the  tests  were  conducted  by  directly 
inserting  the  wire  ends  into  Instron  grips  with  smooth  surfaces  as  indicated  in  ASTM  E8- 
93.  The  strength  of  the  materials  was  plotted  as  a function  of  draw  ratio,  r\ 

3.2.3  Electrical  Conductivity 

Room-temperature,  electrical-resistivity  measurements  were  made  using  the  four- 
point  probe  method  on  specimens  of  fixed  length  with  input  currents  between  100  mA 
and  1 A.  The  potential  differences  at  a given  span  were  measured  using  a high  sensitivity 
nanovolt  meter  (Keithley  model  1 82). 
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Figure  8.  Schematic  of  the  directional  solidification  apparatus. 


Table  3.  Alloy  compositions  and  solidification  rates  for  the  DS  alloys. 


Specimen  ID 

Nominal  Composition 
(at%Ag) 

Withdrawal  speed 
(pm/sec) 

Dimension 

(mm) 

DS  10 

10 

55 

10.7ux75‘ 

DS  55 

55 

1.7 

10.7dx75‘ 

DS  58 

58 

55 

10.7dx75* 

12 

13.0dx65‘ 

DS  60 

60 

55 

5.8dx75* 

2.5 

13.0ux90‘ 

DS  65 

65 

1.7 

10.7dx75‘ 

CS  58 

58 

- 

12.5dx95‘ 

CHAPTER  4 

RESULTS  AND  DISCUSSION 
4.1  Influence  of  the  Volume  Fraction  of  Eutectic  Constituent 

The  interphase  interface  is  a two-dimensional  planar  defect  which  either  hinders 
or  blocks  a dislocation  moving  across  the  boundary.  Therefore,  higher  volume  fractions 
of  the  eutectic  are  expected  to  lead  to  higher  strengths  in  these  alloys.  This  does  not 
necessarily  mean,  however,  that  alloys  with  high  eutectic  volume  fraction  will  exhibit  a 
better  combination  of  strength  and  conductivity. 

In  this  section,  two  alloys  with  different  eutectic  volume  fractions  were  prepared 
and  investigated:  a eutectic  alloy  (Cu-58a/oAg)  and  a copper-rich  alloy  (Cu-lOa/oAg).  By 
plotting  UTS  (ct)  against  draw  ratio  (r)),  it  is  possible  to  determine  how  strength  varies 
with  draw  ratio  and  how  the  hardening  response  (da/dp)  varies  with  eutectic  volume 
fraction.  Both  the  strength  and  conductivity  were  quantified  in  terms  of  the  interlamellar 
spacings  of  the  eutectic.  The  conductivity  vs.  draw  ratio  plot  provides  the  relative 
importance  of  the  interphase  interface  area  on  the  electrical  conductivity.  The  degree  of 
contribution  of  the  interphase  interfaces  to  both  the  strength  and  the  conductivity  will 
determine  the  usefulness  of  the  interface  in  improving  this  combination  of  properties. 
This  may  be  deduced  from  the  slope  of  the  strength  vs.  conductivity  plot  which  reflects 
the  effective  strength  increase  for  a given  amount  of  conductivity  reduction. 
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4.1.1  Microstructure 

The  as-cast  microstructures  of  DS  Cu-lOa/oAg  (DS  10)  and  Cu-58a/oAg  (DS58) 
alloys  are  shown  in  Figures  9 through  11.  The  dark,  round  regions  in  Figure  9 (a)  are 
primary  copper  dendrites  and  the  lighter  regions  correspond  to  the  interdendritic  eutectic. 
The  volume  fraction  of  the  primary  copper  in  the  DS  10  alloy  is  estimated  to  be  about 
89%  from  the  lever  rule  applied  to  the  Cu-Ag  phase  diagram.  The  DS  58  alloy  shown  in 
Figure  9 (b)  does  not  contain  primary  copper  although  the  compositions  slightly 
hypoeutectic  (Cu-rich)  according  to  the  phase  diagram.  From  equation  (2-2)  described  in 
the  previous  section,  it  is  clear  that  compositions  near  the  eutectic  can  be  grown  in  a 
coupled  fashion  at  reasonable  rates  whereas  the  maximum  velocity  for  growth  of 
compositions  further  from  the  eutectic  composition  may  be  prohibitively  slow.  Although 
the  amount  of  undercooling  was  not  measured  in  this  study,  the  microstructure  of  the  Cu- 
58Ag  alloy  shown  in  Figure  9 (b)  reveals  uniformly-developed  lamellae  of  Cu  and  Ag, 
indicating  that  coupled  growth  was  achieved  at  the  solidification  rate  of  55  pm/sec. 
Figure  10  (a)  is  a polarized  view  of  the  transverse  section  through  the  DS  58  alloy  grown 
at  a withdrawal  speed  of  55  pm/sec.  Small  lamellar  aggregates  are  observed  and  each 
colony  has  different  lamellar  orientations  as  shown  in  Figure  10  (b). 

A longitudinal  section  of  the  DS  58  alloy  reveals  eutectic  colonies  aligned  parallel 
to  the  growth  axis  (Figure  1 1 (a)).  Each  colony  is  mostly  lamellar  in  nature  with  most  of 
the  copper  and  silver  plates  aligned  parallel  to  the  growth  direction  (Figure  1 1 (b)). 
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(a)  DS  10 


(b)  DS  58 

Figure  9.  Optical  microstructures  of  the  as-cast  DS  10  and  DS  58  alloy. 
(v=55  pm/sec,  transverse  section,  etched) 
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Figure  10.  Optical  microstructures  of  the  as-cast  DS  58  alloy. 
(v=55  pm/sec,  transverse,  etched,  polarized  light) 
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(a)  (b) 


Figure  11.  Optical  (a)  and  SEM  (b)  microstructures  of  longitudinal  section 
of  the  as-cast  DS  58  alloy  (v=55  pm/sec,  etched).  In  (b)  the 
light  majority  phase  is  silver. 
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4.1,2  Strength 

In  the  barrier  model  for  in-situ  microcomposites,  the  UTS,  a,  can  be  correlated 
with  the  filament  or  interlamellar  spacing  as  [8,  77, 117]: 

a = ct0  + k(X)'1/2  (2-5) 

Figure  12  represents  the  strength  dependence  of  the  DS  58  eutectic  alloy  on  interlamellar 
spacing.  The  regression  line  through  the  data  points  is  described  by: 

a = 297  + k(?i)'1/2  (4-1) 

The  constant  k,  known  as  the  Hall-Petch  slope  in  the  above  equation,  has  a value  of  0.17 
MN/m  , which  is  a little  higher  value  than  that  (k=0.14)  of  the  DS  60  eutectic  alloy 
reported  by  Cline  et  al.  [77].  These  k values  obtained  from  the  Cu-Ag  alloys  are  much 
lower  than  those  of  the  Cu-Nb  microcomposites  where  k has  about  1 MN/m  [94].  This 
result  supports  the  fact  that  k is  greater  in  the  composites  where  the  two  phases  have 
different  crystal  structures  (FCC-BCC).  Although  the  structure  of  both  phases  are  similar, 
the  k value  appears  to  depend  on  the  strength  of  the  neighboring  phase  considering  the 
fact  that  drawn,  pure  copper  has  a k value  of  about  0.22  MN/m  [119]  where  the  grain 
size  is  substituted  for  X. 

The  variation  in  interlamellar  spacing  with  draw  ratio  for  the  DS  58  alloy  is 
shown  in  Figure  13.  The  regression  line  through  the  data  points  can  be  expressed  by 
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Xfk0  = exp  (-0.40r|)  (4-2) 

This  equation  reflects  that  the  reduction  in  interlamellar  spacing  is  not  exactly 
proportional  to  the  reduction  in  the  wire  diameter  assuming  that  no  new  barriers  are 
created  or  existing  barriers  destroyed.  These  variations  in  the  interlamellar  spacing  in  the 
Cu-Ag  eutectic  are  compared  with  the  results  of  Spitzig  et  al.  for  Cu-Nb  alloys  [94]  and 
Embury  et  al.  for  pearlite  [1 17]  in  Figure  14,  where 

UXq  = exp  (-0.36r|)  for  Cu-Nb  (4-3) 

)J'k0  = exp  (-0.50r|)  for  pearlite  (4-4) 

Although  Spitzig  et  al.  explained  that  the  departure  of  the  exponent  from  the  ideal  value 
(-0.5)  is  due  to  the  increase  in  filament  density  at  high  deformation  levels,  the 
morphologies  of  the  Nb  filaments  or  the  eutectic  constituents  could  be  partially 
responsible  for  this  deviation.  Combining  equation  (4-1)  and  (4-2)  gives 

ct  = 297  + k(X0)'1/2  exp(-0.20ri)  (4-5) 

This  equation  indicates  that  the  strength  of  the  DS  58  eutectic  alloy  is  a function  of  both 
initial  interlamellar  spacing  (X0)  and  draw  ratio  (q)  and  the  reasonable  fit  with  this 
equation  is  plotted  in  Figure  15  and  16.  Therefore,  the  strength  of  the  Cu-Ag  alloys 
appears  to  follow  the  barrier  model  of  strengthening  mechanisms  suggested  by  Embury  et 
al.  relatively  well  and  shows  similar  behavior  with  the  Cu-Nb  alloys. 
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The  variation  of  the  UTS  on  X]  for  the  DS  10  and  DS  58  alloys  is  shown  in  Figure 
17.  The  UTS  of  the  DS  58  alloy  is  about  300-350  MPa  higher  than  that  of  the  DS  10 
alloy  at  a given  r|.  Considering  that  the  strengthening  of  in-situ  microcomposites  of  this 
type  is  governed  by  the  amount  of  interfacial  area  between  the  phases  [6],  it  is  concluded 
that  the  higher  strength  in  the  DS  58  alloy  is  due  to  its  larger  volume  fraction  of  eutectic 
lamellae  containing  a larger  amount  of  interphase  interfaces. 

For  uniform  deformation,  the  draw  ratio  r|=ln(Ao/A)  can  be  expressed  as  the  true 
strain,  ln(L/L0),  where  L0  and  L are,  respectively,  the  initial  and  instantaneous  lengths  of 
the  wire  specimens.  Therefore,  the  slope,  da/dr|,  of  the  a vs.  r\  plot  is  a measure  of  the 
hardening  rate  of  the  material.  The  higher  strength  of  the  DS  58  alloy  is  expected  in  view 
of  its  larger  volume  fraction  of  eutectic  and  the  overall  finer  scale.  This  result  suggests 
that  the  high  interphase  interfacial  area  in  Cu-Ag  alloys  increases  the  initial  strength  of 
the  composite  yet  does  not  significantly  affect  the  hardening  rate.  One  possible  reason  for 
this  behavior  is  the  crystallographic  nature  of  the  interface  relationship,  that  is,  the  crystal 
structure  of  both  copper  and  silver  is  FCC.  Thus,  it  is  conceivable  that  the  interfaces 
between  these  structures  do  not  block  the  movement  of  dislocations  as  effectively  as  in, 
for  example,  FCC-BCC  materials  such  as  Cu-Nb.  This  assumes,  of  course,  that  the 
properties  of  the  neighboring  FCC  crystals  are  somewhat  similar.  Moreover,  the  lamellar 
eutectic  structure  normally  has  a cube-cube  orientation  relationship  between  the  phases 
and  the  habit  plane  between  the  lamellae  is  {100}  [82].  This  specific  orientation 
relationship  may  provide  lower  resistance  of  the  interface  to  the  transfer  of  glide 
dislocations  across  it  since  the  slip  planes  are  parallel.  This  result  suggests  that,  although 
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Figure  12.  Variation  of  UTS  on  the  interlamellar  spacings  (A.)  of  the  DS  58  alloy. 
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Draw  Ratio,  r|=ln(A0/A) 


Figure  13.  Variation  of  the  ratio  of  interlamellar  spacings  (AA0)  with  draw  ratio 
in  the  DS  58  alloy. 
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Figure  14.  Variation  in  the  ratio  of  interlamellar  spacings  (AA0)  with  draw  ratio 
for  the  DS  58  and  the  Cu-Nb  alloys. 
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Figure  15.  The  dependence  of  UTS  on  the  initial  interlamellar  spacing  (A,0)  and 
draw  ratio  (ti)  of  DS  58  alloy. 
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Figure  16.  Comparison  of  the  strength  of  the  deformation-processed  DS  58  alloy  to 
the  calculations  based  on  the  barrier  strengthening  model  of 
strengthening  mechanisms. 
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Figure  17.  UTS  dependence  on  the  draw  ratio  for  eutectic  and  off-eutectic  alloys. 
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the  interface  contributes  to  the  strengthening,  the  effect  is  not  nearly  as  great  as  in  the  Cu- 
BCC  alloys  studied  extensively. 

4.1.  3 Conductivity 

Figure  18  shows  that  the  conductivity  of  the  eutectic  alloy  decreases  more 
drastically  than  that  of  the  off-eutectic  (DS  10)  alloy.  Since  the  volume  fraction  of 
eutectic  for  the  DS  10  alloy  is  approximately  11%,  the  completely  eutectic  DS  58  alloy 
contains  a much  higher  amount  of  interfacial  area.  These  interfaces  act  as  scattering 
sources  of  free  electrons  and  thereby  reduce  the  mean  free  path  of  the  electrons,  causing 
the  observed  reduction  in  conductivity  (two-dimensional  size  effect).  The  total  resistivity 
of  a composite,  ptot,  can  be  expressed  as 

Ptot  = Pt  + Pd  + Pb  (4-6) 

where  pt  is  the  resistivity  increase  due  to  thermal  scattering,  pd  the  contribution  due  to 
lattice  defects,  and  pb  the  resistivity  increase  due  to  interphase  boundaries.  The  estimated 
values  of  the  mean  free  path  are  43.0  nm  for  copper  and  56.5  nm  for  silver  at  293K  [79]. 
Frommeyer  et  al.  reported  that  there  are  anomalous  decreases  in  conductivity  when  the 
fiber  diameter  becomes  smaller  than  the  mean  free  path  of  free  electrons.  For  the  DS  58 
alloy  with  11=2.8,  the  estimated  thickness  of  the  copper  lamellae  is  35-40  nm  and  that  of 
the  silver  is  95-100  nm.  Because  the  size  of  the  lamellae  is  close  to  the  mean  free  path  of 
the  free  electrons,  the  interface  should  become  a more  important  scattering  source  as  ti 
increases.  The  conductivity  of  the  DS  10  alloy  containing  -11%  of  eutectic,  however, 
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does  not  decrease  as  fast  because  the  thickness  of  the  dendrite  is  more  than  an  order  of 
magnitude  larger  than  the  interlamellar  spacing.  In  this  case,  the  overall  magnitude  of  the 
interfacial  area  should  be  small.  The  reason  for  the  lower  conductivity  of  the  DS  10  alloy 
at  low  deformation  strains,  where  the  interface  effect  is  not  as  severe,  is  most  likely  due 
to  the  effect  of  the  lower  volume  percent  of  silver,  which  has  about  6%  higher  electrical 
conductivity  than  copper  at  20°C  [120].  In  summary,  at  low  draw  ratios  and  relatively 
high  interlamellar  spacings,  the  volume  fraction  of  silver  is  a dominant  factor  determining 
the  total  conductivity.  However,  with  the  increase  in  the  deformation  level,  the  amount  of 
interfacial  area  becomes  the  more  important  factor  especially  when  the  interlamellar 
spacing  gets  close  to  the  mean  free  path  of  the  electrons  in  each  phase. 

4.1.4  Strength-Conductivity  Factor 

The  strength  and  conductivity  variations  with  draw  ratio  are  replotted  in  terms  of 
the  strength  dependence  on  the  conductivity  in  Figure  19.  While  these  plots  show  near- 
linear  relationships,  it  is  important  to  discuss  the  differences  in  slope  and  intercept  in  light 
of  the  ideas  outlined  above. 

The  slope  of  the  strength  vs.  conductivity  plot,  da/dy,  represents  the  relative 
sensitivity  of  the  strength  on  the  conductivity  in  these  alloys.  For  convenience,  let  us 
define  the  strength-conductivity  factor  (SCF)  as 

SCF  s - da/dx  (4-7) 


where  a is  the  UTS  in  MPa  and  x the  conductivity  in  %IACS.  High  SCF  values  imply 
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that  it  is  possible  to  increase  strength  without  sacrificing  conductivity  significantly;  this  is 
clearly  the  most  desirable  situation. 

The  dependence  of  strength  on  conductivity  for  both  the  DS  10  and  DS  58  alloys 
is  contrasted  in  Figure  19  where  the  data  are  compared  to  the  regression  line  of  the 
properties  obtained  by  Sakai  and  coworkers  for  the  TMP  Cu-Ag  alloys  (Cu-8~32at%Ag) 
shown  in  Figure  4.  Although  the  double  heat  treated  (HT)  TMP  Cu-Ag  alloys  have  a 
better  combination  of  properties,  the  SCF  values  implies  that  the  DS  10  alloy  without 
TMP  appears  to  have  greater  potential  to  provide  greater  strength  at  high  deformation 
levels. 

Figure  19  indicates  that  the  DS  58  alloy  has  a lower  SCF  value  than  the  DS  10 
alloy.  This  suggests  that  the  interphase  interfaces  have  a larger  influence  on  conductivity 
than  on  strength  since  the  DS  58  alloy  has  a much  higher  volume  fraction  of  eutectic. 
Therefore,  it  may  be  concluded  that  the  interface  strengthening  may  not  be  as  effective 
for  achieving  high  strength  and  high  conductivity  in  Cu-Ag  alloys  as  originally  expected; 
as  noted  above,  this  is  due  to  the  detrimental  effect  of  the  interface  on  conductivity  when 
the  thickness  of  the  lamellae  becomes  close  to  the  mean  free  path  of  free  electrons.  A 
normalized  UTS  vs.  conductivity  plot  is  shown  in  Figure  20,  where  the  slope  of  the  plot 
was  multiplied  by  the  UTS  at  the  corresponding  conductivity.  Clearly,  the  graph 
represents  that  the  DS  10  alloy  provides  better  combinations  of  strength  and  conductivity, 
because  the  DS  1 0 alloy  has  higher  strength  at  all  of  the  specific  conductivity  levels. 
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Figure  18.  Electrical  conductivity  dependence  on  the  draw  ratio  for  eutectic  and 
off-eutectic  Cu-Ag  alloys. 
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Electrical  Conductivity  (%IACS) 


Figure  19.  UTS  dependence  on  the  conductivity  for  eutectic  and  off-eutectic  alloys. 


Normalized  UTS  (-axdcr/dx) 
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Figure  20.  Normalized  UTS  dependence  on  the  conductivity  for  eutectic  and  off- 
eutectic  alloys. 
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4.2  Influence  of  Interlamellar  Spacing 

One  of  the  merits  of  the  directional  solidification  technique  is  that  the  withdrawal 
velocity,  v,  can  be  varied  to  produce  a variety  of  interlamellar  spacings,  X,  according  to 
[106] 


X2v  = kGL‘r  (4-8) 

where  k and  r are  constants  and  GL  is  the  temperature  gradient  in  the  liquid  at  the 
interface.  Therefore,  higher  withdrawal  speeds  will  cause  smaller  interlamellar  spacings 
of  the  eutectic  and  these  variations  will  effect  both  strength  and  conductivity. 

In  this  study,  comparisons  were  made  between  DS  alloys  grown  at  different  rates 
and  conventional  mold  cast  alloys  which  have  finer  initial  microstructures  with  little  or 
no  directionality. 

4.2.1  Microstructures 

4.2.1 .1  As-solidified  structure 

The  SEM  microstructures  of  the  as-solidified  eutectic  (Cu-60a/oAg,  DS  60)  and 
near-eutectic  (Cu-58a/oAg,  DS  58)  alloys  obtained  at  different  solidification  rates  are 
shown  in  Figure  21.  The  lamellar  spacing  of  the  eutectic  alloy  (DS  60)  grown  at  the 
withdrawal  speed  of  2.5  pm/sec  (Figure  21  (a))  is  of  the  order  of  2. 0-2.5  pm  which  is 
about  four  or  five  times  larger  than  that  for  the  DS  58  alloy  grown  at  55  pm/sec  (Figure 
21  (b)).  The  conventionally-solidified  chill  cast  Cu-58a/oAg  (CS  58)  alloy  has  much  finer 
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interlamellar  spacing  as  shown  in  Figure  21  (c).  These  results  indicate  the  strong 
dependence  of  lamellar  spacing  on  solidification  rate.  The  average  interlamellar  spacings 
of  as-cast  eutectic  and  near-eutectic  alloys  obtained  at  various  withdrawal  rates  are  listed 
in  Table  4.  In  both  alloys,  it  was  noted  that  the  minority  copper  phase  tended  to  be  less 
continuous  in  shape  consistent  with  its  volume  fraction  being  near  the  boundary  between 
lamellar  and  rod  eutectics.  The  relative  amount  of  “disconnection”  of  the  copper  lamellae 
is  smaller  in  the  DS  58  alloy  than  in  the  DS  60  alloy  consistent  with  its  slightly  higher 
copper  concentration/volume  fraction. 

4. 1.1 .2.  As-deformed  structures 

The  as-deformed  microstructures  of  the  DS  58  alloy  after  drawing  to  r|=2.8 
(corresponding  to  a reduction  in  area  of  93.9%)  are  shown  in  Figure  22.  As  expected,  the 
structures  consist  of  fine  lamellae  of  the  copper  and  silver  phases.  The  average 
interlamellar  spacing,  X,  is  about  130~140  nm,  with  the  width  of  the  copper  lamellae  ~40 
nm.  These  values  are  in  agreement  with  the  theoretical  volume  fraction  of  the  Cu-rich 
phase  for  this  composition  indicating  that  there  is  negligible  preferential  deformation 
between  the  Cu-rich  and  Ag-rich  phases.  This  behavior  is  considerably  different  from  that 
found  in  Cu-X  microcomposites  (X=Nb,  Ta,  or  Cr)  where  significant  differential 
deformation  occurs  because  of  the  large  property  differences  between  the  constituent 
phases.  In  a similar  manner,  the  CS  Cu-58Ag  ingot  (Figure  23)  displays  a considerably 
finer  interlamellar  spacing  of  about  40  nm  after  deforming  to  r|~3.1;  in  this  case,  the 
average  width  of  the  minority  copper  phase  is  10-15  nm. 
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Figure  21.  SEM  microstructures  of  as-solidified  ingots. 

(a)  DS  58  alloy,  55  (am/sec,  transverse,  etched 

(b)  DS  60  alloy,  2.5  (am/sec,  transverse,  etched 

(c)  CS  58  alloy,  etched 
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(c) 

Figure  21 -continued. 


Table  4.  Interlamellar  spacings  (dAg+dcu)  of  as-cast  alloys  for  different 
withdrawal  speeds. 


Specimen 

ID 

Withdrawal 
speed 
(pm/sec ) 

Average  interlamellar  spacing  of 
as-cast  specimens  (nm) 

DS  58 

55 

400-450 

12 

780-1020 

CS  58 

- 

140-200 

DS  60 

55 

400-500 

2.5 

2000-2500 
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(a)  Transverse 


(b)  Longitudinal 


Figure  22.  BF  TEM  of  DS  Cu-58Ag  (v=55  (am/sec)  after  r|=2.8. 
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(a)  Transverse 


(b)  Longitudinal 


Figure  23.  BF  TEM  of  CS  Cu-58Ag  after  r|=3. 1 . 
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The  deformation  characteristics  of  the  CS  58  alloy  are  somewhat  different  from 
those  of  the  DS  material  of  the  same  composition.  For  the  longitudinal  section,  the 
lamellae  of  the  CS  material  exhibit  a rather  wavy  shape  while  those  of  the  DS  alloy  are 
relatively  straight.  The  reason  for  this  behavior  in  the  CS  materials  is  probably  due  to  the 
re-orientation  of  neighboring  colonies  during  deformation  as  shown  schematically  in 
Figure  24.  The  lamellae  in  the  DS  alloy,  on  the  other  hand,  are  already  aligned  parallel  to 
the  growth  direction  (Figure  22(b))  such  that  little  re-orientation  occurs  during  drawing. 
As  seen  in  Figure  25  (a)-(d),  the  as-cast  interlamellar  spacing  of  400-450  nm  in  the  DS 
58  alloy  was  reduced  gradually  by  the  deformation  to  -30  nm  at  a r|=6.4;  again,  the 
deformation  ratio  between  the  copper  and  silver  phases  was  similar,  as  mentioned  above. 

4.2.2  Strength 

The  effects  of  withdrawal  speed  on  the  strength  of  DS  58  and  DS  60  alloys  after 
deformation  are  shown  in  Figure  26.  The  DS  60  alloy,  with  initial  interlamellar  spacing 
of  400-500  nm,  corresponding  to  a withdrawal  speed  of  55  pm/sec  (Table  4),  has  tensile 
strengths  that  are  approximately  180-200  MPa  higher  than  the  specimen  of  the  same 
composition  with  larger  interlamellar  spacing  obtained  at  v=2.5  pm/sec.  Although  there 
have  been  no  quantitative  measurements  performed,  the  above  observation  suggests  a 
Hall-Petch  type  of  strengthening  for  the  lamellar  eutectic  alloys.  The  alloys  with  larger 
interlamellar  spacings  tend  to  exhibit  a little  higher  hardening  rates  although  the  strength 
levels  are  lower,  consistent  with  the  results  for  the  Cu-20  %Nb  alloy  [69],  The  strength  of 
the  alloy  with  the  smaller  interlamellar  spacing  at  zero  deformation  is  also  expected  to  be 
higher.  The  conventionally-solidified  ingot  has  about  three  times  smaller  interlamellar 
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spacing  compared  to  the  DS  ingot  of  the  same  composition  solidified  at  a withdrawal 
speed  of  55  pm/sec  and  a strength  of  about  200  MPa  higher  than  that  of  the  DS  alloy  at 
the  same  r\  value.  The  growth  morphology  of  the  eutectic  could  be  another  factor 
contributing  to  the  strength  of  the  alloys.  As  discussed  in  the  previous  section,  the 
eutectic  of  the  DS  58  alloy  has  a more  lamellar  morphology,  giving  higher  UTS  at  the 
same  deformation  level  compared  to  the  DS  60  alloy;  this  morphological  effect  will  be 
discussed  in  greater  detail  in  section  4.4. 

4.2.3  Conductivity 

The  electrical  conductivity  of  the  DS  60  eutectic  structure  with  larger 
interlamellar  spacing  decreases  more  slowly  (20-25%)  with  draw  ratio  than  the  DS  58 
alloy  (see  Figure  27).  The  absolute  value  of  the  conductivity  is  also  larger  for  the  DS  60 
alloy  at  all  r\  values  studied.  Of  the  three  contributing  factors  in  Equation  (4-6),  the 
phonon  scattering  term,  pt  can  be  assumed  to  be  constant  during  room  temperature 
testing.  The  lattice  defects  involved  in  the  pd  term  would  be  mostly  dislocations. 
However,  the  density  of  dislocations  in  copper  is  known  to  saturate  at  a certain  level  (10' 
IO~10'1  'em’2)  for  heavily  drawn  wire  because  the  FCC  copper  and  silver  undergo  dynamic 
recovery  during  room  temperature  drawing.  The  tensile  strength  of  pure  silver  tends  to 
decrease  with  deformation  above  draw  ratios  of  4.5  [7].  Verhoeven  et  al.  [11]  have 
reported  that  the  dislocation  scattering  contribution  to  the  resistivity  of  a drawn  Cu-Nb 
alloy  is  constant  at  r)  values  above  around  4.  The  defect  scattering  contribution,  pd, 
therefore,  can  be  neglected.  Thus,  the  main  contributing  factor  to  the  resistivity  increase 
in  the  specimen  of  smaller  interlamellar  spacing  would  be  the  interphase  boundary 
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^ After  Deformation 


Drawing  direction 

► 


(a)  DS  eutectic 


(b)  CS  eutectic 


Figure  24.  Schematic  representing  the  differences  in  deformation  behavior 
between  the  DS  and  CS  alloys. 
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(a)  r|=3.6 


(b)  r)=4.1 


(c)  r|=4.6 


(d)  r)=6.4 


Figure  25.  BF  TEMs  of  the  DS  58  alloy  after  different  deformation  levels. 

(longitudinal,  v=55  ^ m/sec) 
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Draw  Ratio,  r)=ln(A0/A) 


Figure  26.  Dependence  of  UTS  on  withdrawal  speed  and  draw  ratio. 
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contribution,  pb.  Specifically,  if  the  thickness  of  the  lamellae  is  decreased  by  four  or  five 
times,  the  interphase  boundary  density  (amount  of  boundary/unit  volume)  for  a given 
volume  is  increased  by  that  ratio  and  causes  a corresponding  reduction  in  conductivity. 
Moreover,  the  interlamellar  spacing  of  the  DS  60  alloy  at  r|=2.8  is  well  above  the 
calculated  mean  free  path  for  electron  scattering;  this  is  probably  the  reason  for  the  lower 
slope  of  the  conductivity-to-draw  ratio  plot. 

As  expected,  the  CS  58  alloy  with  the  much  finer  interlamellar  spacing,  shows 
much  lower  conductivity  than  the  DS  58  alloy  at  the  same  draw  ratio.  The  electrical 
conductivity  of  the  chill  cast  CS  alloy  is  shown  to  be  more  sensitive  to  draw  ratio  than  the 
DS  58  alloy;  this  is  presumably  because  of  its  higher  interfacial  area  and  smaller 
interlamellar  spacing.  Therefore,  the  smaller  the  initial  interlamellar  spacing,  the  higher 
the  sensitivity  of  conductivity  on  the  draw  ratio. 

The  y-axis  intersection  (conductivity)  in  Table  5 obtained  by  extrapolation  of  the 
Cu-60Ag  eutectic  alloy  is  in  good  agreement  with  the  as-cast  conductivity  data  of  the 
same  composition  obtained  by  Frommeyer  and  Wassermann  [79].  Their  results  also  show 
that  a conventionally-cast  eutectic  alloy  has  a conductivity  of  about  92%  IACS  which  is 
lower  than  that  of  the  DS  60  alloy,  obviously  due  to  the  increased  interphase  interface 
density.  Considering  the  fact  that  the  DS  58  alloy  contains  slightly  lower  volume 
percentage  of  silver  and  was  solidified  at  a slower  rate  than  the  CS  alloy,  this 
conductivity  value  for  the  DS  58  alloy  is  in  reasonable  agreement  with  the  experimental 
data  reported. 
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4.2.4  Strength-Conductivity  Factor 

The  effect  of  withdrawal  speed  (interlamellar  spacing)  on  the  SCF  values  is  given 
in  Figure  28,  where  the  regression  lines  of  the  data  obtained  by  Sakai  and  coworkers  are 
also  indicated.  For  the  conditions  studied,  the  DS  58  alloy  grown  at  v=5  5 pm/sec  shows 
about  three  or  four  times  larger  interlamellar  spacing  than  the  DS  58  alloy  grown  at 
v=12pm/sec.  The  SCF  value  of  the  DS  58  alloy  grown  at  the  lower  speed  is  about  25% 
higher  than  that  of  the  DS  58  alloy  grown  at  the  higher  speed,  which  has  the  lowest 
overall  value  in  this  study.  Although  this  difference  is  not  too  high  in  view  of  the  fact  that 
the  DS  10  alloy  grown  at  the  same  speed  shows  more  than  200%  higher  SCF  than  that  of 
the  DS  58  alloy,  there  should  be  a certain  effect  of  interlamellar  spacing  on  the  SCF,  that 
is,  larger  interlamellar  spacings  tend  to  have  higher  SCF  values.  Figure  28  indicates  that 
at  higher  deformation  fn>~5),  the  relative  strength  at  a given  conductivity  is  higher  for 
the  eutectic  alloy  (DS  58,  v=  1 2)  with  larger  interlamellar  spacing  whereas,  at  lower 
deformation  levels  (r|<~4),  the  relative  strength  is  higher  for  the  alloy  with  the  smaller 
interlamellar  spacing  (DS  58,  v=55). 

These  results  indicate  that,  at  higher  deformation  levels,  the  conductivity  decrease 
due  to  the  smaller  X (higher  interfacial  area)  is  higher  than  the  strength  increase  due  to  the 
same.  This  is  presumably  related  to  the  fact  that  the  interlamellar  spacings  get  closer  to 
the  mean  free  path  of  free  electrons  in  both  phases  at  the  higher  deformation  levels.  The 
other  probable  reason  for  this  behavior  is  due  to  the  relative  strength  increase  resulting 
from  the  increased  hardening  rate  for  the  alloy  with  larger  interlamellar  spacings. 
Specifically,  since  interphase  boundaries  can  act  as  sinks  for  dislocations  and  since  the 
density  of  sources  should  decrease  with  decreasing  X,  the  maximum  dislocation  density 
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that  the  material  will  develop  should  decrease  with  the  increase  in  interface  density 
(interfacial  area/unit  volume),  assuming  the  same  matrix  properties.  This  could  be  a 
reason  for  the  increased  hardening  rate  in  the  alloy  with  larger  interlamellar  spacings.  At 
lower  deformation  levels,  however,  the  relative  conductivity  decrease  due  to  interphase 
interfaces  is  not  as  effective  as  the  relative  strength  increase  by  the  interfaces  because  the 
interlamellar  spacing  is  much  larger  than  the  mean  free  path  of  electrons  in  both  phases. 
Also,  the  influence  of  the  interfacial  area  on  reducing  the  maximum  dislocation  density  is 
not  as  effective.  Therefore,  the  alloy  with  smaller  interlamellar  spacings  can  have  higher 
relative  strength  in  this  case.  In  summary,  the  alloys  with  larger  interlamellar  spacings 
provide  better  combinations  of  strength  and  conductivity  at  the  higher  deformation  levels. 
On  the  contrary,  the  alloys  with  smaller  interlamellar  spacings  provide  a better 
combination  of  properties  at  the  lower  deformation  levels.  Overall  however,  a eutectic 
alloy  with  large  interlamellar  spacing  is  preferred  because  of  the  lower  sensitivity  of 
conductivity  to  lamellar  spacing  and  the  higher  hardening  rate,  which  can  be  deduced 
from  the  normalized  UTS-conductivity  plot  presented  in  Figure  29. 

4,3  Influence  of  Initial  Orientation  of  Lamellae 


4,3.1  Microstructure 

The  microstructure  of  conventionally  chill  cast  Cu-Ag  eutectic  alloys  consists  of 
randomly  oriented  lamellar  colonies.  Each  colony  with  its  unique  orientation  should 
influence  the  strength  and  conductivity  of  the  casting  in  a different  way.  To  investigate 
the  influence  of  the  lamellar  orientation  on  the  properties,  sections  from  a DS  eutectic 
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Draw  Ratio,  r|=ln(A0/A) 


Figure  27.  Electrical  conductivity  dependence  on  the  withdrawal  speed  and  draw  ratio. 
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Electrical  Conductivity  (%IACS) 


Figure  28.  UTS  dependence  on  the  conductivity  for  eutectics  with  different 
interlamellar  spacings. 


Normalized  UTS  (-axd<*/dX) 
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Figure  29.  Normalized-UTS  dependence  on  conductivity  for  eutectics  with 
different  interlamellar  spacings. 
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Table  5.  The  slopes  of  the  conductivity-r)  plots  for  various  DS  alloys. 


Specimen 
ID  No. 

Withdrawal  Speed 
(pm/sec ) 

Slope 

(-dx/dri) 

y-axis  intersection 
(%IACS) 

DS  55 

1.7 

3.5 

98.4 

DS  58 

55 

4.6 

93.3 

12 

4.6 

94.9 

CS  58 

- 

6.5 

91.0 

DS  60 

2.5 

3.2 

95.9 

DS  65 

1.7 

3.4 

97.2 
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ingot  was  cut  0°,  45°  and  90°  to  the  growth  direction  in  order  to  study  this  effect. 

By  plotting  UTS  vs.  r|,  the  effect  of  initial  lamellar  orientation  on  the  hardening 
rate  (da/dr|)  can  be  determined.  The  conductivity  vs.  draw  ratio  plot  provides  the  relative 
contribution  of  the  initial  lamellar  orientation  on  the  electrical  conductivity  of  the  Cu-Ag 
microcomposites.  On  the  basis  of  these  results,  discussion  was  made  on  which  orientation 
would  be  more  useful  in  improving  the  combination  of  strength  and  conductivity.  This  is 
deduced  by  comparing  the  slopes  of  the  strength  vs.  conductivity  plots  for  the  different 
initial  lamellar  orientations.  The  results  were  compared  to  the  same  specimen  but 
processed  by  heat  treatment  in  order  to  estimate  the  influence  of  precipitation  on  the 
orientation  differences. 

Figure  30  shows  the  transverse  section  of  the  DS  Cu-58at%Ag  alloy  grown  at  a 
withdrawal  speed  of  12  pm/sec.  The  longitudinal  section  of  this  alloy  shows  a 
microstructure  in  which  lamellae  of  each  phase  are  aligned  parallel  to  the  growth  axis,  as 
described  in  the  previous  section. 

The  microstructures  of  deformation-processed  specimens  are  shown  in  Figure  31 
and  32.  The  hydrostatic  stress  applied  to  the  90°  orientation  alloy  (specimen 
perpendicular  to  the  growth  direction)  results  in  wavy  shape  of  the  colony  as  shown  in 
Figure  31  (a).  The  copper  lamellae  inside  the  colony  exhibit  relatively  regularly-aligned 
deformation  contours  with  a kinked  deformation  appearance  as  indicated  in  Figure  31  (b). 
This  kinked  nature  of  the  lamellae  suggests  that  the  lamellar  refinement  should  not  occurs 
as  effectively  as  in  the  0°-orientation  alloy  (specimen  parallel  to  the  growth  direction)  at 
low  r|  values.  Macroscopic  deformation  contours  of  the  wires  are  contrasted  in  Figure  32. 
It  is  evident  that  the  metal  flow  inside  the  wire  during  deformation  occurs  spirally. 
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However,  the  deformation  contour  in  the  90°  specimen  is  not  as  symmetrical  as  that  in 
the  0°-orientation  alloy.  The  reason  is  believed  to  be  due  to  the  directionality  of  the 
original  ingots. 

4.3.2  Strength 

The  strength  vs.  draw  ratio  of  the  DS  Cu  58Ag  alloy  for  the  three  different 
orientations  is  shown  in  Figure  33.  The  results  indicate  that  there  are  no  significant 
differences  in  hardening  rates  for  the  three  specimens,  although  the  0°  orientation 
specimens  had  the  highest  strength  level  at  all  the  deformation  ranges  used  in  this  study. 
In  other  words,  the  hardening  rate  does  not  appear  to  be  a function  of  orientation 
(da/dr|*f(<|)))  as  originally  suspected.  The  reason  for  the  high  strength  for  the  0° 
specimens  is  related  to  its  relatively  finer  microstructure  obtained  during  deformation, 
because  this  alloy  should  have  less  kinked  area  than  the  90°  specimens. 

4.3.3  Conductivity 

In  contrast  to  the  strength  vs.  orientation  results,  the  conductivity  drop  with  draw 
ratio  was  the  highest  for  the  0°  orientation  (Figure  34).  This  is  presumably  due  to  the 
faster  reduction  in  the  interlamellar  spacing  for  that  orientation.  In  this  case,  the 
conductivity  sensitivity  on  draw  ratio  (dx/dr|)  has  the  following  order: 


I dx/dr|  1 0.  > | dx/dr)  1 45o  > | dx/dr]  1 90« 


(4-9) 
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Figure  30.  Optical  microstructure  of  the  DS  58  alloy, 
(transverse,  v=12  pm/sec,  etched) 
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(b) 

Figure  31.  Deformation  contour  generated  in  the  90°-orientation  alloy  after  51  %RA. 

(a)  Macro-deformation  structure,  transverse 

(b)  Micro-deformation  structure,  transverse 
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(a) 


(b) 

Figure  32.  Macro  deformation  contour  generated  in  the  DS  58  alloy  after  83%RA 
(a)  0°-orientation  alloy;  (b)  90°-orientation  alloy 
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Figure  33.  UTS  dependence  on  draw  ratio  for  alloys  of  different  initial  lamellar 
misorientations. 
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The  fact  that  the  conductivity  sensitivity  on  draw  ratio  is  a function  of  misorientation 
(dx/dr|=f(<t>))  can  be  readily  anticipated  from  the  microstructural  investigation.  Figure  35 
shows  that  the  sensitivity  of  electrical  conductivity  to  deformation  decreases  linearly  as 
the  initial  misorientation  increases  from  0°  with  the  highest  conductivity  levels  occuring 
for  the  90°-orientation  alloy. 

4.3.4  Combination  of  Strength  and  Conductivity 

By  combining  these  results,  it  is  clear  that  the  highest  strength-conductivity  factor 
(SCF)  occurs  in  the  specimens  with  lamellar  orientations  perpendicular  to  the  growth  axis 
(Figure  36  through  38).  From  the  UTS-conductivity  plot  in  Figure  36  and  37,  we  can 
deduce  that  the  strength  sensitivity  on  electrical  conductivity  (SCF)  depends  on  the 
misorientation  (linear  function  of  misorientation)  and  is  highest  when  the  misorientation 
becomes  maximum  as  shown  in  Figure  38.  More  quantitatively, 

I da/d x I o°  > I da/dy  1 45o  > | da/dx  1 90°  (4- 1 0) 

When  compared  to  the  SCF  results  of  Sakai  and  coworkers,  the  90°-orientation  specimen 
appears  to  have  greater  potential  to  provide  greater  strength  at  high  deformation  level. 
From  the  results  of  this  study,  it  can  be  expected  that  the  alloys  with  randomly-oriented 
lamellae  should  have  better  combinations  of  the  strength  and  conductivity  than 
directionally  solidified  alloys  assuming  the  same  interlamellar  spacing.  Therefore, 
conventional  chill  casting  may  be  a better  approach  in  order  to  improve  the  strength- 
conductivity  combination  in  Cu-Ag  eutectic  alloy. 
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Figure  34.  Electrical  conductivity  dependence  on  draw  ratio  for  alloys  of  different 
initial  lamellar  misorientations. 


Sensitivity  of  Conductivity  on  Deformation  (-dx/d^l) 
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Initial  Misorientation  (degree) 


Figure  35.  The  variation  of  the  deformation  sensitivity  of  electrical  conductivity 
on  the  initial  misorientation. 
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Figure  36.  UTS  dependence  on  electrical  conductivity  for  alloys  of  different 
initial  lamellar  misorientations. 
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Figure  37.  Normalized  UTS  vs.  electrical  conductivity  for  alloys  of  different 
initial  lamellar  misorientations. 
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Initial  Orientation  (degree) 


Figure  38.  SCF  showing  UTS  sensitivity  on  electrical  conductivity  and  its 
variation  on  the  initial  lamellar  misorientations. 
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4.3.5  Other  Considerations 

The  sensitivity  of  both  strength  and  electrical  conductivity  to  the  initial 
misorientation  is  shown  in  Figure  39  and  40  at  different  deformation  levels.  Clearly,  the 
strength  decreased  with  increasing  initial  misorientation  at  all  r\  values.  However,  the 
sensitivity  of  the  strength  to  the  initial  misorientation  is  roughly  constant  (Figure  39), 
while  the  sensitivity  of  conductivity  depends  on  the  amount  of  deformation  (Figure  40). 
Figure  41  contrasts  the  rate  of  change  in  the  sensitivity  of  strength  (da/d<|))  and 
conductivity  (dx/dcf>)  on  the  initial  misorientation.  Both  data  are  normalized  by  the 
strength  and  conductivity  at  p=3.5.  Clearly,  the  alloy  has  little  change  in  UTS  sensitivity 
on  misorientation  at  higher  \]  values  whereas  the  electrical  conductivity  increases  by 
about  150%  at  r)=6.5.  The  increased  sensitivity  of  conductivity  on  misorientation  at  high 
deformation  levels  indicates  that  the  reduced  interlamellar  spacing  is  a critical  factor 
reducing  the  electrical  conductivity,  which  is  consistent  with  the  results  described  in  the 
previous  sections. 

4.4  Influence  of  Growth  Morphology  of  Interdendritic  Eutectic 

The  growth  morphology  of  the  eutectic  influences  both  the  strength  and 
conductivity  of  the  alloys.  Theoretically,  if  the  volume  fraction  of  one  phase  is  greater 
than  -1/10  and  less  than  0.28  or  1/n  in  a binary  isotropic  system,  a rod-type  eutectic 
morphology  is  predicted  [121,  122],  Since  the  eutectic  composition  (Cu-60.2a/oAg) 
contains  -26  vol%  of  the  copper  phase  whereas  volume  fractions  greater  than  0.28-1/71 
tend  to  favor  a lamellar  structure,  it  was  of  interest  to  grow  slightly  off-eutectic  alloys  so 
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Initial  Orientation  (degree) 


Figure  39.  UTS  sensitivity  on  the  initial  lamellar  misorientations  at  various 
deformation  levels. 
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Figure  40.  UTS  sensitivity  on  the  initial  lamellar  misorientations  at  various 
deformation  levels. 


Rate  in  Change  of  Sensitivity  on  Initial  Misorientation  (%) 


86 


Figure  41.  Rate  in  change  of  the  sensitivity  of  strength  and  conductivity  on  initial 
misorientation  at  various  deformation  levels;  the  data  are  normalized 
by  the  properties  at  r|=3.5. 
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as  to  produce  either  copper  rods  or  copper  lamellae  in  order  to  determine  how  the  starting 
microstructure  influences  the  properties  that  are  produced  during  subsequent  TMP.  The 
purpose  of  this  paper  section  was  to  evaluate  the  effect  of  the  growth  morphology  of  the 
initial  interdendritic  eutectic  on  both  the  strength  and  conductivity  of  these  alloys  as  a 
function  of  TMP.  The  effect  of  the  morphology  on  the  deformation  characteristics  is  also 
discussed. 

For  this  purpose,  both  a hypoeutectic  and  a hypereutectic  alloy  were  investigated. 
Comparison  was  made  in  terms  of  deformation  characteristics,  hardening  rate, 
interlamellar  spacing,  and  stress  sensitivity  on  conductivity. 

4.4.1  Microstructures 

4.4. 1 . 1 As-solidified  structures 

For  steady-state  coupled  growth  of  off-eutectic  alloys,  high  thermal  gradients,  GL, 
and  low  growth  velocities,  v,  are  required  according  to  the  equation  [106]: 

Gl/v  > -mL(CE-C)/DL  (2-2) 

where  mL  is  the  liquidus  slope,  CE  and  C the  eutectic  and  alloy  compositions, 
respectively,  and  DL  the  diffusivity  in  the  liquid.  Thus,  it  is  clear  that  compositions  near 
the  eutectic  can  be  grown  in  a coupled  fashion  at  reasonable  rates  whereas  the  maximum 
velocity  for  growth  of  off-eutectic  compositions  may  be  prohibitively  slow.  Because  the 
eutectic  composition  of  this  Cu-Ag  system  lies  at  the  boundary  expected  for  the  lamellar 
to  rod  transition,  the  microstructures  of  the  Cu-55at%Ag  (DS  55)  and  Cu-65at%Ag  (DS 
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65)  alloys  grown  via  coupled  growth  were  expected  to  display  lamellar  and  rod  eutectics, 
respectively.  However,  the  microstructures  of  the  DS  55  and  the  DS  65  alloys  grown  at 
1.7  pm/sec  contained  some  primary  dendrites  as  shown  in  Figure  42  and  43.  This  means 
that  coupled  growth  does  not  occur  in  both  alloys  at  the  given  experimental  condition. 
According  to  the  above  equation,  it  becomes  more  difficult  to  grow  off-eutectic  alloys  in 
a coupled  fashion  as  the  composition  becomes  further  removed  from  the  eutectic.  For  an 
alloy  of  a given  composition,  the  main  experimental  variables  are  (1)  temperature 
gradient  in  the  liquid  at  the  interface  and  (2)  the  withdrawal  rate  (interface  velocity).  The 
temperature  gradient  in  the  liquid  is  dependent  upon  the  thermal  conductivity  of  the 
material  and  decreases  with  increasing  conductivity.  Since  both  copper  and  silver  have 
high  thermal  conductivities,  it  becomes  difficult  to  obtain  high  temperature  gradients  at 
the  solid/liquid  interface.  For  reasonable  growth  rates,  this  limits  the  coupled  growth  of 
off-eutectic  alloys  to  a narrow  composition  range  near  the  eutectic  composition. 

The  growth  morphologies  of  the  interdendritic  eutectic  near  the  primary  phases  in 
the  DS  55  and  DS  65  alloys  are  shown  in  Figure  44.  Basically,  the  interdendritic  eutectic 
around  primary  copper  in  the  DS  55  alloy  is  rod-like  while  that  around  primary  silver  in 
the  DS  65  alloy  is  more  lamellar.  These  variations  in  structure  are  probably  caused  by  the 
shift  in  the  eutectic  composition  due  to  the  differences  in  the  compositions  of  the 
interdendritic  liquid  after  development  of  the  primary  phases.  Specifically,  as  the 
hypoeutectic  DS  55  alloy  is  cooled  from  above  the  liquidus  temperature,  primary  copper 
dendrites  will  form;  during  further  cooling,  the  interdendritic  liquid  will  be  supercooled 
below  Te  because  of  solute  redistribution  and  capillarity  effects.  As  such,  the  liquid  will 
become  silver-rich  and  solidify  as  a rod-like  eutectic.  When  the  nucleation  of  eutectic 
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(a)  DS  55 


(b)  DS  65 


Figure  42.  Optical  microstructure  of  the  DS  55  and  DS  65  alloy  showing 
primary  phase  and  interdendritic  eutectic  (transverse,  etched). 

(a)  DS  55;  (b)  DS  65 
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(b)  DS  65 

Figure  43.  Optical  microstructure  of  the  DS  55  and  DS  65  alloy  showing  growth 
nature  of  primary  phases  and  interdendritic  eutectic  (longitudinal,  etched). 
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(a)  DS  55,  rod 


(b)  DS  65,  lamellae 

Figure  44.  Optical  microstructure  of  the  DS  55  and  DS  65  alloy  showing  growth 
morphololgy  of  interdendritic  eutectic  adjacent  to  the  primary  phase 
(transverse,  etched). 
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Figure  45.  A schematic  diagram  showing  the  effect  of  undercooling  below  TE  on  the 
composition  of  the  interdendritic  liquid  prior  to  the  eutectic  formation  in  the 
presence  of  primary  a-Cu  or  P-Ag. 
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phases  occurs  at  a certain  temperature,  TE\  the  average  composition  of  the  interdendritic 
liquid  will  be  CL“  (Figure  45).  Because  the  eutectic  composition  of  the  Cu-Ag  alloy  is 
near  the  boundary  of  the  rod  to  lamellar  transition,  this  increased  solute  in  the 
interdendritic  liquid  should  favor  the  formation  of  a rod  eutectic.  For  the  same  reason,  the 
composition  of  the  interdendritic  liquid  in  the  hypereutectic  Cu-65a/oAg  alloy  will  shift 
to  the  copper-rich  side  (to  CLP)  and  thereby  promote  the  formation  of  a lamellar  eutectic 
structure.  This  shift  in  the  interdendritic  liquid  composition  is  basically  due  to  the 
presence  of  the  primary  phases  and  thus  will  be  limited  to  the  liquid  immediately 
surrounding  the  primary  phases. 

The  growth  morphologies  of  the  interdendritic  eutectic  far  away  from  the  primary 
phases  of  the  DS  55  and  DS  65  alloys  are  shown  in  Figure  46  (a)  and  (b).  The  eutectic 
morphology  of  the  DS  55  alloy  in  Figure  46  (a)  appears  to  be  more  lamellar  than  that  of 
the  DS  65  alloy  which  tends  towards  a rod  eutectic.  These  differences  in  morphology  are 
considered  to  be  the  result  of  localized  coupled  growth  of  the  interdendritic  eutectic  under 
the  imposed  experimental  conditions.  Although  the  compositional  deviations  from  the 
equilibrium  eutectic  are  only  2-3  % in  volume  fraction,  this  value  is  enough  to  change  the 
eutectic  morphology  because  the  equilibrium  eutectic  composition  of  Cu-Ag  system  is 
close  to  the  boundary  of  the  rod-lamellar  transition.  Bluni  and  coworkers  [122]  calculated 
when  the  volume  fraction  of  minor  phase  in  a eutectic  is  lower  than  0.28,  the  surface 
energy  per  interphase  spacing  becomes  lower  at  rod  eutectic,  leading  to  the  formation  of 
rod  eutectic  (Figure  47).  In  the  Cu-Ag  system,  the  volume  fraction  of  the  copper  phase  in 
the  eutectic  is  0.26  at  the  eutectic  temperature,  779  °C.  The  2-3  % deviation  in  volume 
fraction  to  the  copper-rich  side  results  in  an  increase  in  the  volume  fraction  of  the  copper 
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to  0.28-0.29;  this  may  result  in  a morphological  change  to  a more  lamellar  structure.  The 
average  aspect  ratio  (length-to-width  ratio)  of  the  interdendritic  eutectic  far  away  from 
the  primary  phases  in  the  DS  55  alloy  is  about  70%  to  105%  higher  than  that  in  the  DS  65 
alloy  which  means  that  the  eutectic  in  the  DS  55  alloy  is  more  lamellar-like  (“lamellar”) 
than  that  in  the  DS  65  alloy  which  is  more  rod-like  (“rod”). 

Since  the  rod  eutectic  in  the  DS  55  alloy  is  limited  to  the  regions  adjacent  to  the 
primary  copper  and  the  volume  fraction  of  eutectic  is  about  92  vol%,  most  of  the 
mechanical  and  physical  properties  of  the  DS  55  alloy  should  be  dominated  by  the 
lamellar  eutectic.  In  the  same  way,  the  rod  eutectic  in  the  DS  65  alloy  will  govern  the 
mechanical  and  physical  properties.  Therefore,  the  properties  of  these  materials  may  be 
dominated  by  the  nature  of  the  eutectic  constituent. 

4.4. 1.2  As-deformed  structures 

The  microstructures  (transverse  to  the  deformation  axis)  of  the  interdendritic 
eutectic  regions  in  the  deformation-processed  DS  55  and  DS  65  alloy  wires,  are  shown  in 
Figures  48  and  49,  respectively,  at  several  different  draw  ratios.  Figure  48  (a)  represents 
the  deformed  rod  eutectic  around  the  primary  copper.  Because  of  the  hydrostatic  nature  of 
the  applied  stress,  the  copper  rod  aligned  to  parallel  to  deformation  axis  does  not  much 
elongated  to  the  transverse  direction  of  the  wire.  Some  fragmentation  of  the  copper  phase 
was  observed  in  both  specimens  partly  due  to  the  axially  symmetric  deformation  process. 
However,  the  distribution  of  the  fragmented  copper  fibers  is  not  as  regular  as  the  fibrous 
microstructure  obtained  in  the  eutectic  alloy  at  ps6.9  by  Frommeyer  and  Schneider  [107]. 
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(a)  DS  55,  lamellar-like 


(b)  DS  65,  rod-like 

Figure  46.  Optical  microstructure  of  the  DS  55  and  DS  65  alloy  showing  growth 
morphololgy  of  interdendritic  eutectic  far  away  from  primary  phases 
(transverse,  etched). 


Surface  Energy  Per  Interphase  Spacing 
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Volume  Fraction  Second  Phase  (F) 


Figure  47.  Surface  energy  produced  by  rod  and  lamellar  eutectic  growth  as  a 
function  of  volume  fraction  of  second  phase  [122]. 
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(c)  (d) 

Figure  48.  BFTEMs  of  transverse  sections  of  the  DS  55  alloy  at  various 
deformation  levels. 

(a)  rod  eutectic  around  primary  phase  at  r\ =3. 5 6 

(b)  lamellar-like  eutectic  away  from  the  eutectic  at  r|=3.56 

(c)  lamellar-like  eutectic  away  from  the  eutectic  at  r|=5.17 

(d)  lamellar-like  eutectic  away  from  the  eutectic  at  r|=6.05 
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Figure  49.  BFTEMs  of  transverse  sections  of  the  DS  65  alloy  after  various 
deformation  levels. 

(a)  rod-like  eutectic  away  from  the  eutectic  at  r|=3.56 

(b)  rod-like  eutectic  away  from  the  eutectic  at  t|=5. 1 7 

(c)  rod-like  eutectic  away  from  the  eutectic  at  r|=6.05 


Ratio  of  Interlamellar  Spacings  0^\) 
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Draw  Ratio,  rpln  (A0/A) 


Figure  50.  Comparison  of  the  reduction  rate  in  interlamellar  spacings  for  the 
alloys  with  different  eutectic  morphologies. 
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Apparently,  the  copper  phases  in  the  DS  55  alloy  appear  more  lamellar  in  nature 
than  that  in  the  DS  65  alloy.  The  deformation-induced  fragmentation  proposed  by 
Frommeyer  and  Schneider  does  not  occur  so  severely  even  at  r|=6.05.  Rather,  both  alloys 
maintain  their  morphologies,  although  some  partially  kinked  regions  are  observed.  The 
relatively  small  aspect  ratio  of  the  copper  phase  observed  in  the  DS  65  alloy  appears  to 
have  resulted  from  the  morphological  variation  produced  upon  solidification. 

Surprisingly  remarkable  differences  in  both  the  size  (thickness)  of  both  phases 
and  in  their  resultant  interlamellar  spacings  were  observed  in  these  two  alloys.  The 
diameter/thickness  ratio  of  the  copper  phase  in  the  DS  55  alloy  is  much  larger  than  that  of 
the  DS  65  alloy  at  r|=6.05  although  the  thickness  of  each  phase  was  higher  in  the  DS  65 
alloy  in  the  as-cast  condition.  The  variation  of  the  interlamellar  spacings  on  draw  ratio 
for  both  alloys  is  shown  in  Figure  50  where  the  interlamellar  spacings  is  normalized  by 
the  initial  values  (A.0)  of  each  alloy.  And  it  is  apparent  that  the  interlamellar  spacings  of 
the  DS  65  alloy  are  reduced  faster  than  those  of  the  DS  55  alloy.  The  reason  for  the 
higher  reduction  rate  in  the  eutectic  spacing  is  due  to  the  hydrostatic  nature  of  the  applied 
stress  combined  with  the  rod-like  morphology.  The  hydrostatic  stress  will  enhance  for  the 
copper  “rod”  to  get  closer  each  other  while  it  produce  kinks  in  the  lamellar-like  eutectic 
for  the  DS  55  alloys.  The  interlamellar  spacings  at  r|=6.05  is  about  110-170  nm  for  the 
DS  55  alloy  and  50-80  nm  for  the  DS  65  alloy. 
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4.4.?-  Strength  and  Conductivity  of  PS  alloys 
4.4.2. 1 Strength 

A plot  of  UTS  vs.  draw  ratio  (Figure  51)  indicates  that  the  DS  65  alloy  hardens 
more  rapidly  than  the  DS  55  alloy  even  though  the  UTS  of  the  latter  is  higher  at  low  ti 
values.  There  are  various  possible  reasons  for  this  difference  in  hardening  rate  including 
(1)  the  differences  in  the  nature  (species  and  volume  fraction)  of  the  primary  phases,  (2) 
the  different  morphologies  of  the  interdendritic  eutectics  (lamellae  vs.  rods)  and  (3)  the 
different  responses  of  the  eutectic  to  deformation. 

In  an  effort  to  elucidate  which  mechanism(s)  is  reponsible  for  the  observed 
behavior,  the  microhardness  of  the  primary  phase  in  the  as-solidified  ingots  were 
measured.  As  expected,  the  hardness  of  the  copper-rich  primary  phase  was  higher  than 
that  of  the  silver-rich  phase  (82  vs.  67  kg/mm2)  in  spite  of  the  higher  solubility  of  copper 
in  silver  than  silver  in  copper  (14.1  a/o  vs.  4.9  a/o  at  the  eutectic  temperature).  It  should 
be  mentioned  that  the  work  hardening  rate  of  pure  copper  is  greater  than  that  of  pure 
silver  [7]  suggesting  that  the  copper  phase  is  harder  at  all  t]  values.  This  implies  that  the 
primary  phase  is  not  responsible  for  the  observed  behavior. 

Since  the  volume  fraction  of  eutectic  is  greater  in  the  DS  55  alloy,  based  on 
simple  lever  rule  considerations,  it  is  not  surprising  that  the  copper-rich  alloy  is  harder  at 
the  low  r|  values.  As  the  deformation  increases,  however,  the  overall  strength  becomes 
higher  for  the  DS  65  alloy  at  r|>5  since  the  scale  of  the  rod  structure  decreases  more 
rapidly  during  deformation.  Therefore,  the  reason  for  the  higher  strength  at  high 
deformation  level  for  the  DS  65  alloy  is  due  to  the  “morphology-induced”  fine 


microstructural  scale. 
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Figure  51.  UTS  dependence  on  draw  ratio  (r|)  for  the  alloys  with  different  eutectic 
morphology. 


Ultimate  Tensile  Strength  (MPa) 
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Figure  52.  UTS  dependence  on  interlamellar  spacings  for  the  alloys  with  different 
eutectic  morphology. 
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Draw  Ratio,  rpln(A0/A) 


Figure  53.  Electrical  conductivity  dependence  on  draw  ratio  for  the  alloys  with 
different  eutectic  morphologies. 


» 
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In  order  to  investigate  the  influence  of  each  eutectic  morphology  on  the  strength, 
the  UTS  is  plotted  in  terms  of  the  interlamellar  spacing,  X,  in  Figure  52.  The  lamellar 
eutectic  in  the  DS  55  alloy  provides  higher  strengthening  for  a given  reduction  in  X, 
which  is  consistent  with  the  predictions  by  Kuhlmann-Wilsdorf  [123].  These  results 
indicate  that  the  lamellar  structures  are  preferable  from  a work  hardening  standpoint  and 
that  the  composition  and  solidification  methods  are  important  for  selecting  the 
appropriate  structure.  Furthermore,  the  strength  contribution  of  the  lamellar  eutectic  is 
greater  at  low  interlamellar  spacings. 

4.4. 2.2  Conductivity 

Figure  53  shows  that  the  DS  55  alloy  has  a little  higher  conductivity  than  the  DS 
65  alloy  at  all  strain  levels.  As  mentioned  above,  the  volume  fraction  of  primary  phase  in 
the  DS  55  alloy  is  about  2.5  times  lower  than  that  for  the  DS  65  alloy  and  the  electrical 
conductivity  of  the  primary  copper  is  expected  to  be  lower  than  that  of  the  primary  silver. 
Moreover,  the  total  volume  fraction  of  silver  is  also  lower  in  the  DS  55  alloy.  In  order  to 
explain  the  higher  conductivity  for  the  DS  55  alloy,  the  following  three  factors  should  be 
considered.  The  first  factor  is  the  effect  of  the  primary  phases  on  conductivity.  The  room 
temperature  solid  solubility  of  silver  in  copper  is  almost  negligible  (<0.06  at%Ag  at 
200°C)  while  that  of  copper  in  silver  is  about  0.3  at%Cu  [100].  In  general,  solute  atoms  in 
silver  decrease  its  conductivity  drastically  depending  on  the  particular  species.  As 
expected,  copper  is  not  as  potent  as  many  other  elements  in  reducing  the  conductivity  of 
silver  [124],  Considering  the  fact  that  the  room  temperature  resistivity  of  silver  is  a linear 
function  of  copper  concentration  with  a slope  of  0.1  pQ-cm/at%Cu  [125],  the 
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conductivity  drop  of  silver  due  to  the  solute  copper  is  about  1.9  %IACS  [120].  This 
means  that  the  primary  silver  phase  still  has  higher  conductivity  than  primary  copper. 
With  the  slow  growth  rate  of  1 .7  pm/s  in  these  alloys,  it  can  be  assumed  that  any  excess 
solute  atoms  dissolved  in  the  silver  matrix  should  have  an  almost  negligible  effect. 
Therefore,  it  seems  unlikely  that  the  increased  volume  fraction  of  the  primary  silver  phase 
(containing  copper)  causes  the  lower  conductivity  in  the  DS  65  alloy.  Rather,  the  primary 
silver  should  increase  the  conductivity  of  the  DS  65  alloy  if  everything  else  is  equal. 

The  second  factor  to  be  considered  is  the  influence  of  the  interdendritic  eutectics. 
Because  the  DS  65  alloy  has  much  finer  interdendritic  eutectic  at  high  deformation 
strains,  the  interdendritic  eutectic  constituent  may  become  the  dominant  factor  at  higher 
deformation  levels  (r|  > ~5).  The  fine  scale  eutectic  in  the  DS  65  alloy  reduces  the 
conductivity  more  effectively,  resulting  in  the  lower  conductivity  at  high  strain. 

The  other  possible  reason  for  the  conductivity  differences  is  the  morphological 
effects  of  the  eutectic  phases.  Because  the  DS  55  and  DS  65  alloys  contain,  respectively, 
-92%  and  -80%  of  the  eutectic,  most  of  the  properties  are  expected  to  be  effected  by  the 
nature  of  the  eutectics.  From  the  microstructural  comparison  in  Figures  48  and  49,  it  is 
evident  that  the  DS  65  alloy  has  a coarser  structure  than  the  DS  55  alloy  at  low 
deformation  levels.  Therefore,  higher  conductivity  may  be  expected  in  the  DS  65  alloy  at 
low  deformations.  The  conductivity  of  the  DS  55  alloy,  however,  is  higher  than  that  of 
the  DS  65  alloy  at  all  strains.  Therefore,  the  reason  for  the  higher  conductivity  of  the  DS 
55  alloy  must  result  from  the  morphological  differences  of  the  interdendritic  euetectic. 

Figure  54  represents  the  variation  of  electrical  conductivity  on  interlamellar 
spacings.  The  conductivity  of  the  DS  55  alloy  with  the  lamellar  eutectic  decreases  more 


107 


rapidly  than  that  of  the  DS  65  alloy  with  the  rod  eutectic.  In  other  words,  the  DS  55  alloy 
exhibits  a higher  sensitivity  of  electrical  conductivity  on  interlamellar  spacing,  X.  This 
figure  also  indicates  that  the  lamellar  eutectic  greatly  reduces  electrical  conductivity 
especially  when  interlamellar  spacings  approach  the  mean  free  path  of  electrons  in  the 
constituent  phases  (43  and  56.5  nm  at  room  temperature  for  Cu  and  Ag,  respectively 
[79]);  this  is  consistent  with  the  results  of  Frommeyer  and  Wassermann  [79].  In  addition, 
the  lamellar  eutectic  provides  higher  conductivity  at  large  interlamellar  spacings  (low 
deformation  levels)  presumably  due  to  the  lower  interphase  interfacial  area  generated  by 
deformation.  This  morphological  effect  is  believed  to  be  the  major  factor  for  the  higher 
conductivity  of  the  DS  55  alloy  at  low  strains. 

Therefore,  it  can  be  concluded  that  the  main  reason  for  the  higher  conductivity  of 
the  DS  55  alloy  at  all  r\  values  is  due  to  the  effect  of  the  morphological  differences  in  the 
eutectic  phases  involved  and  their  different  responses  to  deformation  processing.  This 
morphological  effect  is  thought  to  be  a major  factor  lowering  the  electrical  conductivity 
of  the  DS  65  alloy  at  low  deformation  levels.  Combined  with  the  behavior  at  high 
deformation  levels,  it  is  clear  that  the  morphological  effect  lowers  the  overall 
conductivity  of  the  DS  65  alloy. 

Because  of  the  combined  effects  between  the  size  and  morphological  variation  of 
the  interdendritic  eutectic,  the  slope  of  the  x vs.  r|  plot  in  Figure  53  is  similar  in  both  the 
DS  55  and  DS  65  alloys.  However,  if  it  is  assumed  that  there  are  no  differences  in  the 
interlamellar  spacing  of  the  interdendritic  eutectics,  the  morphological  variation  should 
influence  the  slope  of  the  x vs.  r|  plot.  The  sensitivity  of  the  conductivity  to  deformation, 
therefore,  is  effected  by  the  amount  of  the  eutectic,  the  volume  fraction  of  silver,  the 
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interlamellar  spacing,  and  the  morphological  variations  of  the  eutectic. 


4.4.2. 3 Strength  and  conductivity 

When  describing  high  strength,  high  conductivity  alloys,  it  is  common  to  plot 
strength  vs.  conductivity  for  comparative  purposes.  When  this  is  done  for  the  two  off- 
eutectic  alloys  (Figure  55),  it  is  clear  that  the  DS  55  alloy  has  superior  properties  at  low 
deformation  levels  (low  strength,  high  conductivity  regime)  and  inferior  properties  at  the 
higher  deformation  levels  (high  strength,  low  conductivity  regime).  This  behavior  can  be 
readily  understood  by  considering  the  role  of  volume  fraction  and  morphology  of  the 
eutectic.  Specifically,  at  low  strains,  the  higher  volume  fraction  of  eutectic  in  the  DS  55 
alloy  leads  to  a higher  strength  at  a particular  conductivity.  Because  the  strain  hardening 
and  rod  refinement  of  the  DS  65  alloy  is  higher  than  in  the  DS  55  alloy,  however,  the 
amount  of  deformation  necessary  for  a particular  strength  level  in  the  DS  65  alloy  is 
considerably  less  than  in  the  DS  55  alloy.  Consequently,  the  drop  in  conductivity  is  less 
pronounced  leading  to  the  behavior  observed  in  Figure  55.  When  compared  to  the  SCF 
results  of  Sakai  and  coworkers,  the  DS  65  alloy  appears  to  have  greater  potential  to 
provide  greater  strength  at  high  deformation  level.  Figure  56  is  a normalized  UTS- 
conductivity  plot  obtained  by  multiplying  the  slope  of  each  curve  in  Figure  55  by  each 
data.  The  figure  indicates  that  the  DS  65  alloy  with  more  rod-like  interdendritic  eutectic 
provides  a better  combination  of  strength  and  conductivity.  This  is  basically  due  to  the 
high  decreasing  rate  in  coductivity  on  deformation  for  lamellar-eutectic. 
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Figure  54.  Electrical  conductivity  dependence  on  interlamellar  spacings  for  the 
alloys  with  different  eutectic  morphology. 
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Electrical  Conductivity  (%IACS) 


Figure  55.  UTS  dependence  on  conductivity  for  the  alloys  with  different  eutectic 
morphology. 
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Figure  56.  Normalized  UTS  dependence  on  conductivity  for  the  alloys  with 
different  eutectic  morphology. 


112 


4.5  Influence  of  Precipitation 

Cu-Ag  alloys  can  be  strengthened  by  precipitation  hardening.  While  the 
maximum  strength  will  correspond  to  the  maximum  hardness,  this  condition  normally  has 
lower  electrical  conductivity  than  the  overaged  condition  and  may  not  provide  the 
optimum  combination  of  strength  and  conductivity.  The  overaged  condition  does  not 
always  provide  higher  electrical  conductivity  [126]  than  the  other  aging  conditions 
because  the  conductivity  presumably  depends  on  the  interface  nature  between  precipitates 
and  matrix  as  well  as  the  size  and  distribution  of  the  precipitates.  Our  interest  was  to 
determine  the  optimum  tradeoff  between  strength  increase  and  conductivity  loss. 
Therefore,  in  this  section,  precipitation  hardened  specimens  were  compared  and 
contrasted  with  those  given  no  heat  treatment  specimen  and  those  given  only  a “solution” 
treatment. 

4.5.1  Peak  Hardness  Identification 

The  precipitation  behavior  of  Cu-Ag  alloys  depends  on  the  degree  of  pre- 
deformation (deformation  before  aging)  as  well  as  on  the  aging  temperature  and  time.  In 
order  to  identify  the  amount  of  pre-deformation  and  aging  temperature  providing  the  peak 
hardness  level,  microhardness  tests  were  carried  out  on  specimens  aged  for  1 h at  various 
pre-deformation  levels  and  aging  temperatures.  Figure  57  shows  the  hardness  dependence 
on  pre-deformation  reduction  of  area  for  the  DS  58  alloys  aged  for  1 h at  various 


temperatures. 
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The  overall  hardness  results  from  the  combined  effect  of  the  strengthening  by 
precipitation  and  that  due  to  work  hardening  and  subsequent  recovery  due  to  high  aging 
temperature.  The  initial  hardness  increase  is  obviously  the  result  of  precipitation  of  solute 
atoms  dissolved  in  the  matrix.  This  precipitation  effect  is  enhanced  by  TMP  as  shown  in 
Figure  57  and  appears  to  be  maximum  at  350  °C  at  30-40%  of  RA.  The  variation  of 
microhardness  on  aging  temperature  for  the  alloys  with  different  pre-deformation  levels 
is  shown  in  Figure  58  where  it  is  apparent  that  the  higher  the  aging  temperature,  the 
larger  the  softening  effect.  Specimens  with  large  pre-deformation  levels  have  peak 
hardnesses  at  low  aging  temperatures  (e.g.,  300  °C).  In  these  highly  pre-deformed  alloys, 
however,  most  of  the  strengthening  results  from  the  residual  dislocations  which  were  not 
annihilated  at  the  lower  aging  temperature.  Therefore,  the  maximum  precipitation 
hardening  will  be  obtained  from  the  initial  hardness  increase  condition,  at  which  the 
strengthening  by  precipitation  surpasses  the  recovery  effect  at  the  high  aging 
temperatures.  The  hardness  variation  with  both  aging  temperature  and  reduction  of  area 
(Figure  59  (a))  and  the  iso-hardness  contours  (Figure  59  (b))  indicate  that  the  aging 
temperature  and  pre-deformation  levels  providing  peak-hardness  are  340-360  °C  and  25- 
35  %RA,  respectively.  From  these  results  the  aging  condition  to  provide  maximum 
hardness  can  be  determined  as  350°C  for  lh  after  cold  working  to  30%RA. 
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Figure  57.  Microhardness  vs.  reduction  of  area  (RA%)  for  the  DS  58  alloy  aged 
for  1 h at  various  temperatures. 
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Figure  58.  Microhardness  variations  with  aging  temperature  for  the  DS  58  alloy 
aged  for  1 h at  various  pre-deformation  levels. 
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(a)  3-D  view 
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(b)  Iso-hardness  contours 


Figure  59.  Microhardness  variations  with  aging  temperature  and  pre-deformation 
levels  for  the  alloy  aged  for  1 h. 
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4.5.2  Aging  Behavior  and  Prestrain  Effect 

Figure  60  shows  the  hardness  variation  with  aging  time  at  350  °C  for  a chill  cast 
Cu-lOa/oAg  alloy.  Since  the  internal  stress  contains  the  components  due  to  substructure 
(strain,  grain  boundaries,  phase  boundaries,  precipitates,  etc.),  then  the  following 
expression  can  be  used  to  qualitatively  describe  the  behavior  as  appropriate  to  the  current 
study: 


G Cq  + Og]  + C^ppt  + &&  ” CTSS  - CTrec  (4-1 1) 

where  a0  is  the  stress  increase  due  to  the  effect  of  friction  and  boundaries  and  ael,  appt, 
cte2,  -ass,  and  -arec  are,  respectively,  the  strength  increases  due  to  pre-aging  deformation, 
precipitation,  post-aging  deformation  and  the  strength  drops  due  to  the  loss  of  solute 
atoms  upon  precipitation  and  recovery.  Unlike  normal  age-hardening  alloys,  the 
formation  of  silver  precipitates  in  copper  require  prestraining  to  produce  appropriate 
nucleation  sites  due  to  the  relatively  high  misfit  (5=  +13%)  between  copper  and  silver. 
Consequently,  the  hardening  response  that  results  from  aging  will  depend  on  the 
dislocation  substructure  which  may  undergo  simultaneous  recovery  depending  on  the 
amount  of  pre-deformation  prior  to  aging  as  well  as  the  aging  temperature.  Figure  60 
shows  the  Cu-3a/oAg  alloy  aged  at  450  °C  without  prior  deformation  does  not  reveal  an 
increase  in  the  hardness. 

It  is  true  that  the  softening  due  to  recovery  is  greater  than  the  hardening  due  to 
precipitation  for  higher  levels  of  prestrain  and  an  overall  reduction  in  strength  occurs 
during  aging  as  shown  in  Figure  57  and  58.  The  initial  drop  of  hardness  of  the  Cu- 
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Figure  60.  Aging  behavior  of  Cu-3a/oAg  alloy  (aged  at  450  °C  with  no  prestrain) 
and  Cu-lOa/oAg  alloy  (aged  at  350  °C  after  prestrain,  30%RA). 
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Figure  61.  Effect  of  heat  treatment  on  the  hardness  of  Cu-12a/oAg  alloy. 
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lOa/oAg  alloy  aged  at  350  °C  in  Figure  60  reflects  that  the  recovery  effect  overrides  the 
precipitation  effect.  The  aging  sequence  of  the  Cu-lOa/oAg  (CS  10)  alloy  appears  to  be 
different  from  Cu-58a/oAg  alloy  because  the  hardness  does  not  reach  a peak  value  even 
for  the  specimen  aged  for  1 1 h at  350°C.  Figure  61  shows  the  effect  of  heat  treatment  on 
the  hardness  of  Cu-12a/oAg.  The  hardness  increase  after  heat  treatment  at  450  °C  for  the 
pre-deformed  specimen  of  30%  CR  is  due  to  precipitation  of  silver  phase  as  will  be 
shown  in  the  next  section.  This  means  that  the  strength  increase  by  precipitation  is 
greater  than  the  strength  decrease  due  to  recovery  by  dislocation  annihilation,  that  is,  appt 
> -arec.  Furthermore,  the  precipitation  of  silver  combined  with  subsequent  work 
hardening  resulted  in  an  increase  in  the  overall  hardness  and  hardening  rate  at  low 
deformations  as  suggested  by  Sakai  et  al.  [35]. 

4.5.3  Microstructure 

TEM  micrographs  displaying  the  fine  silver  precipitates  (2~4  nm)  in  the  Cu-lOAg  alloy 
after  30%RA  and  aging  for  11.2  h at  350°C  are  shown  in  Figure  62.  These  precipitates 
have  a cube-cube  orientation  relationship  with  the  copper  and  is  consistent  with  the  early 
stages  of  decomposition  in  rapidly-quenched  Cu-50a/oAg  alloy  foils  undergoing  Spinodal 
Decomposition  [104].  The  size  of  the  silver  precipitates  in  the  Cu-12a/oAg  alloy  aged  at 
450  °C  for  1 h after  cold  rolling  to  30%  reduction  in  thickness  is  increased  to  about  10 
nm  as  shown  in  Figure  63.  The  corresponding  diffraction  pattern  (Figure  63(a))  indicates 
that  the  cube-cube  relationship  between  the  two  phases  is  not  maintained  as  the 
precipitate  size  in  increased.  The  shape  of  the  silver  precipitates  is  very  irregular. 
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(a)  BF 


(b)  CDF 

Figure  62.  TEM  micrographs  and  SADP  (B— [001])  showing  fine  silver  phase  precipitates 
in  a copper  matrix.  (Cu-lOa/oAg,  30%RA+350  °C,  1 1 .2  hrs) 
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(b)  CDF 


(c)  BF 

Figure  63.  TEM  micrographs  of  silver  precipitates  in  a Cu-12a/oAg  alloy  aged  at 
450  °C  for  1 h after  30%  reduction  by  cold  rolling. 
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4.5.4  Influence  of  Precipitation  on  Strength 

The  microstructure  of  Cu-lOa/oAg  alloy  is  composed  of  primary  copper  dendrites 
and  interdendrtic  eutectic  as  shown  in  Figure  9.  Therefore,  the  strength  of  this  in-situ 
composite  will  be  determined  by  the  strength  of  the  primary  copper  and  interdendritic 
eutectic  phases.  Because  the  volume  fraction  of  primary  copper  in  Cu-lOAg  alloy  is  about 
89%,  the  total  strength  of  this  alloy,  acomposite  can  be  expressed  in  terms  of  two 
constituents  by  composite  model  [7, 17,  73, 127, 128]  as  follows; 

^composite  — ^ C'u-primary  ^Cu-primary  feutectic^eutectic  — 0.89<Tcu_primary  ^ ^ ^eutectic  (4- 12) 

where  aCu.primary  and  fCu-primary  are  the  strength  and  volume  fraction  of  the  primary  copper 
while  aeutectic  and  feutectic  those  of  the  eutectic. 

Figure  64  shows  the  tensile  strength  variation  on  the  draw  ratio  where  the  TMP 
specimen  is  compared  to  the  as-quenched  and  deformed  specimen.  The  higher  tensile 
strength  of  the  TMP  alloy  is  primarily  due  to  the  precipitation  of  silver  in  the  copper 
matrix  (appt)  although  copper  might  have  precipitated  in  the  eutectic  silver  phase  as  well. 
The  reason  for  the  lower  hardening  rate  in  the  TMP  specimen  is  unclear.  It  appears  that 
the  strength  of  the  TMP  specimen  does  not  follow  the  exponential  equation  suggested  by 


Spitzig  et  al.  [94]. 
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Draw  Ratio,  rj=ln  (A0/A) 


Figure  64.  UTS  vs.  draw  ratio  for  the  Cu-lOAg  alloy  with  and  without  an 
intermediate  aging  treatment. 
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4.5.5  Influence  of  Precipitation  on  Electrical  Conductivity 

The  variation  of  electrical  conductivity  on  the  deformation  of  TMP  specimens  is 
shown  in  Figure  65  where  the  conductivity  data  of  the  DS  58  alloy  are  also  presented  for 
comparison.  The  sensitivity  of  the  condcutivity  to  deformation  of  the  TMP  specimens  is 
lower  than  the  DS  58  alloy  which  means  that  the  interface  effect  is  the  most  detrimental 
in  reducing  electrical  conductivity  than  any  other  scattering  source  of  free  electrons. 
Surprisingly,  the  solute  effect  on  conductivity  is  not  as  detrimental  as  the  interface  effect. 

The  dependence  of  electrical  conductivity  with  draw  ratio  for  the  DS  58  alloys  (0, 
45  and  90°  orientation)  aged  to  peak  hardness  condition  is  shown  in  Figure  66.  The 
electrical  conductivity  decreases  more  rapidly  compared  with  similar  alloys  without  heat 
treatment  (see  Figure  34);  this  suggests  that  precipitation  accelerates  the  conductivity 
drop  at  all  misorientation  especially  the  0°  specimens.  Figure  67  shows  that  the 
sensitivity  of  electrical  conductivity  on  deformation  for  TMP  specimens  is  much  higher 
than  the  one  with  no  HT  and  the  value  is  decreased  linearly  as  the  initial  misorientation 
increases.  Therefore,  we  can  say 

|dx/dTi|NHT  < |dx/dtllHT  = kf(<t>)  (4-13) 

Precipitation  of  silver  or  copper  phases  dilutes  the  misorientation  dependence  of 
electrical  conductivity  of  the  DS  58  alloy  at  different  draw  ratios  as  indicated  in  Figures 
68  and  69.  By  comparison  with  Figure  39,  it  is  clear  that 


(dx/d<t>)NHT  > (dx/dtf>)HX  - k'f(r|) 


(4-14) 
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This  implies  that  the  relative  misorientation  effect  at  high  draw  ratios  is  also  decreased  by 
the  effect  of  precipitates  as  shown  in  Figure  69. 

4.6  Influence  of  Composition 

The  dependence  of  the  SCF  on  composition  is  plotted  in  Figure  70.  Clearly,  the 
off-eutectic  alloys  exhibit  higher  SCF  values  although  there  were  some  variations  on  the 
withdrawal  speed  for  each  DS  alloy.  The  larger  interlamellar  spacing  also  contributes  to 
the  increase  in  SCF  values.  The  growth  morphology  of  a eutectic  also  influences  the  SCF 
values,  namely,  the  DS  65  alloy  with  the  rod-like  interdendritic  eutectic  exhibited  higher 
SCF  values  than  the  DS  55  alloy  with  more  lamellar-like  eutectic.  The  results,  however, 
should  involve  a combined  effect  of  off-eutectic  composition  because  the  DS  65  alloy 
contains  a higher  volume  fraction  of  primary  phases  than  that  of  the  DS  55  alloy. 
Therefore,  it  can  be  concluded  that  the  dominant  factors  determining  the  value  of  SCF  are 
the  relative  volume  fraction  and  interlamellar  spacing  of  the  eutectic  phase,  together  with 


their  growth  morphology. 
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Figure  65.  Variation  in  the  electrical  conductivity  on  draw  ratio  of  the  TMP  Cu- 
lOAg  alloys  as  well  as  the  DS  10  and  DS  58  alloys. 
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Figure  66.  The  dependence  of  electrical  conductivity  on  draw  ratio  for  the  aged 
DS  58  alloy  with  different  initial  deviations  from  the  growth  axis. 


Sensitivity  of  Conductivity  on  Deformation  (-dX/dT|) 
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Initial  Misorientation  (degree) 


Figure  67.  The  variation  of  the  deformation  sensitivity  of  electrical  conductivity 
on  initial  misorientation  of  eutectic  relative  to  the  drawing  axis  for  the 
DS  58  alloy. 
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Figure  68.  The  dependence  of  electrical  conductivity  on  initial  orientation  for  the 
aged  DS  58  alloys  at  various  deformation  levels. 


Sensitivity  of  Conductivity  on  Initial  Misorientation,  dx/d<t> 
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Figure  69.  Rate  of  change  of  the  sensitivity  of  conductivity  for  the  DS  58  alloys 
on  initial  misorientation  at  various  deformation  levels;  the  data  are 
normalized  by  the  properties  at  r|=3.5. 
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Figure  70.  The  variation  of  SCF  with  silver  content  in  the  Cu-Ag  alloys. 


CHAPTER  5 
CONCLUSIONS 


5.1  Influence  of  the  Volume  Fraction  of  Eutectic  Constituent 

(1)  The  tensile  strength  vs.  draw  ratio  for  the  Cu-Ag  microcomposites  follows  the 
exponential  relationship  suggested  by  Spitzig  for  Cu-Nb  alloys. 

(2)  The  increased  volume  fraction  of  eutectic  constituents  increases  the  strength  of  the 
Cu-Ag  alloy  but  has  little  effect  on  the  hardening  rate.  This  means  that  the 
interphase  interfaces  in  the  Cu-Ag  alloys  are  not  as  effective  for  strengthening 
when  compared  with  the  Cu-BCC  systems  (e.g.,  Cu-Nb). 

(3)  The  increased  interfacial  area  of  the  eutectic  phases  cause  a decrease  in  the 
conductivity  of  the  eutectic  alloy  more  rapidly  than  that  of  an  off-eutectic  alloy 
containing  less  interfacial  area.  At  low  draw  ratios  (relatively  high  interlamellar 
spacings),  the  volume  fraction  of  the  high  conductivity  phase  (silver)  is  a dominant 
factor  determining  the  total  conductivity.  However,  with  the  increase  in  the 
deformation  level,  the  amount  of  interfacial  area  becomes  the  more  important 
factor  especially  when  the  interlamellar  spacing  gets  close  to  the  mean  free  path  of 
electrons  in  each  phase. 

(4)  While  the  increase  in  interfacial  area  increases  the  strength  only  a small  amount,  it 
decreases  the  conductivity  significantly  (low  SCF).  Therefore,  interface 
strengthening  is  not  an  effective  way  of  improving  both  the  strength  and 
conductivity  of  Cu-Ag  alloys.  This  is  basically  due  to  the  detrimental  effect  of  the 
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interface  on  the  conductivity  when  the  thickness  of  the  lamellae  becomes  close  to 
the  mean  free  path  of  free  electrons. 

5.2  Influence  of  Interlamellar  Spacing  (X)  of  Eutectic 

(1)  Neither  the  Cu  or  Ag  phases  show  any  preferential  deformation  behavior  in  the 
composite:  each  Cu  or  Ag  lamellar  plate  suffers  similar  deformation  with  that  of 
the  bulk  wire  of  the  same  composition. 

(2)  The  drawn  CS  58  alloy  has  a wavy  microstructure  due  to  the  different  orientations 
of  neighboring  colonies  and  the  preferred  orientation  of  the  interphase  interface, 
whereas  the  eutectics  in  the  DS  alloys  tend  to  be  very  straight  at  similar 
deformation  levels. 

(3)  While  eutectic  alloys  with  smaller  interlamellar  spacings  have  higher  strengths 
than  those  with  larger  spacings,  the  alloys  with  larger  interlamellar  spacing  tend  to 
have  higher  work  hardening  rates. 

(4)  Smaller  interlamellar  spacings  result  in  an  increase  in  the  sensitivity  of  the 
conductivity  on  the  draw  ratio:  as  the  initial  interlamellar  spacing  becomes  smaller, 
the  conductivity  of  the  eutectic  decreases  more  rapidly  with  deformation  level  due 
to  the  increased  effect  of  the  interfaces. 

(5)  The  alloys  with  larger  initial  interlamellar  spacings  exhibit  better  combinations  of 
strength  and  conductivity  at  high  deformation  levels.  On  the  contrary,  the  alloy 
with  smaller  interlamellar  spacings  exhibit  better  combinations  at  lower 


deformation  levels. 
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5.3  Influence  of  Initial  Orientation  of  Lamellae 

(1)  Specimens  cut  parallel  to  the  growth  axis  exhibit  the  highest  tensile  strengths  and 
lowest  electrical  conductivities  at  a given  deformation  level. 

(2)  The  hardening  rate  did  not  vary  significantly  with  initial  orientation. 

(3)  The  conductivity  decrease  with  draw  ratio  was  the  greatest  for  the  0°  specimen. 
The  necessary  reorientation  of  the  lamellae  in  the  90°  specimen  reduced  the 
sensitivity  of  electrical  conductivity  on  the  interlamellar  spacing  and  thus 
improved  the  SCF  values. 

(4)  The  strength  sensitivity  on  electrical  conductivity  (SCF)  is  a linear  function  of 
misorientation  and  is  highest  when  the  misorientation  is  maximum  (90°).  This 
means  that  an  eutectic  alloy  with  randomly  oriented  eutectic  colonies  provides 
better  SCF  values  than  that  with  unidirectionally  aligned  structures. 

(5)  The  sensitivity  of  strength  on  the  initial  misorientation  is  constant,  while  the 
sensitivity  of  conductivity  depends  on  the  amount  of  deformation.  The  increased 
sensitivity  of  conductivity  on  misorientation  at  high  deformation  level  indicates 
that  the  reduced  interlamellar  spacing  is  a critical  factor  reducing  the  electrical 
conductivity. 

5.4  Influence  of  Growth  Morphology  of  Interdendritic  Eutectic 

(1)  The  primary  phase  present  in  the  off-eutectic  alloys  results  in  a change  in  the 
morphology  of  the  interdendritic  eutectic  near  these  primary  phases.  However,  this 
morphological  change  is  limited  to  the  regions  adjacent  to  the  primary  phase. 
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(2)  The  interdendritic  eutectic  far  away  from  the  primary  copper  in  the  DS  55  alloy 
appears  to  be  more  lamellar  while  that  of  the  DS  65  alloy  more  rod-like.  The 
differences  in  the  morphology  are  the  result  of  localized  coupled-growth  of  the 
interdendritic  eutectic  due  to  the  reduced  average  silver  content  in  liquid  under  the 
imposed  experimental  conditions. 

(3)  The  difference  in  eutectic  morphology  leads  to  different  hardening  rates  during 
drawing  with  the  lamellar  eutectic  providing  a higher  hardening  rate.  However,  the 
rod-like  eutectic  in  the  DS  65  alloy  experiences  greater  overall  refinement  in 
microstructural  scale;  this  overwhelms  the  hardening  of  the  lamellar  eutectic  in  the 
DS  55  alloy. 

(4)  At  lower  strains,  the  volume  fraction  of  eutectic  (assuming  the  same  interlamellar 
spacing)  is  the  more  dominant  factor  determining  the  total  strength  of  the  material 
whereas,  at  higher  strains,  the  greater  refinement  of  the  rod-like  eutectic  as  well  as 
the  size  of  the  interlamellar  spacing  (morphology-induced)  becomes  dominant. 

(5)  The  interlamellar  spacing  of  the  interdendritic  eutectic  is  responsible  for  the  lower 
electrical  conductivity  of  the  DS  65  alloy  at  the  high  deformation  levels.  However, 
the  morphological  effect  is  a major  factor  lowering  the  electrical  conductivity  of 
the  DS  65  alloy  at  low  deformation  levels. 

(6)  The  fully  lamellar  eutectic  alloy  has  a higher  sensitivity  of  electrical  conductivity 
on  interlamellar  spacing,  X,  and  the  lamellar  eutectic  greatly  reduces  the  electrical 
conductivity  especially  when  the  interlamellar  spacings  approach  the  mean  free 
path  of  electrons  in  the  constituent  phases. 
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5.5  Influence  of  Precipitation 

(1)  A peak  in  hardness  in  isochronal  (lh)  aging  experiments  was  observed  at  ~350°C 
after  predeforming  to  25-3 5%RA  for  a eutectic  alloy.  At  higher  temperatures,  the 
material  undergoes  recovery,  where  the  precipitation  effect  overpasses  the  recovery 
due  to  high  aging  temperature. 

(2)  Precipitation  accelerates  the  conductivity  drop  at  all  misorientations,  especially  for 
the  0°  samples. 

(3)  Precipitation  of  the  silver  or  copper  phases  dilutes  the  misorientation  dependence 
of  electrical  conductivity  of  the  DS  58  alloy. 

5.6  Influence  of  Composition 

(1)  The  Cu-Ag  alloys  with  off-eutectic  compositions  have  higher  SCF  values  than 
their  eutectic  alloys. 

(2)  The  relative  volume  fraction  and  interlamellar  spacing  of  the  eutectic  phase 
together  with  the  growth  morphology  are  dominant  factors  determining  the  SCF 
values. 
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